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ABSTRACT 


Widely differing deformation textures have been 
foxmd in. the present series of alloys. Deformation textures 
in alloys A, B and c have been found to be pure-metal type, 
that of alloy E is alloy-type. The deformation texture of 
alloy D has been found to lie somewhat in-between these two 
extremes. The recrystallisation textures of alloys A, B and 
C are rather similar showing mostly the cube-component. The 
recrystallisation texture of alloy E does not show any cube 
but a rather strong Goss corc^xanent. The recry stallisaticn 
texture of alloy D has beoi found to be rather weak and more 
or less random- Addition of Co to Ni is found to decrease 
the average grain size of the recrystallised grains as well 
as their rate of growth. 



CONTENTS 


CHAPTER Page 

ABSTRACT 

1- INTRODUCTION 1 

2- LITERATURE REVIEW 3- 

2. 1 The Co 3d -worked state 3 

2.1.1 Microstructure of cold-worked Metals 3' 

2.1.2 The Stored Energy Produced by cold- 
rolling 6 

2.1.3 Release of Stored Energy during 

Annealing 8 

2.2 Recovery 12 

2-2.1 Property changes during Recovery 12 

2.2.2 The Kinetics of Recovery 14 

2-2-3' Recovery Mechanisms 16 

2-2. 3.1 Dislocations Annihilation 18 

2. 2. 3. 2 Polygonisation' and s\±i-grrain 

Pormation 18 

2. 2. 3, 3 Sub -grain Growth 20 

2. 3 Primary Recrystallisation 23 

2.3.1 The Nucleation-' of Recrystallised Grains 23 

2.3.2 Models of NUcleation 24 

2- 3. 2.1 Classical Nucleation Model 24 

2-3.2. 2 subgrain Growth Model 25 

2.3.2. 3 strain Induced Boundary 

Migration 28 

2-3.3 Grain. Boundary Migration 30 

2.3. 3.1 Orieitation Dependence of 

Boundary Migration 30 

2.4 Preferred ori^tation or Texture 33 

2.4.1 Introduction 33 

2.4.2 Description of Textures 34 

2.4.3 Rolling Textures of f.c.c. Metals 37 

2. 4. 3,1 Rolling Textures of f.c.c. 

Single crystals 37 

2-4. 3. 2 Rolling Textures of f.c.c. 

Metals and Alloys 43 

2. 4. 3, 3 Texture Transition in f.c.c. 

Metals and Alloys 45 

2. 4. 3, 4 Theories of Texture Develojxnent 

in f.c.c. Metals and Alloys 48 

2-4.4 Recrystal lisation Textures of f.c.c. 

Metals and Alloys 52 

2.4.4. 1 Recrystallisation Textures of 

Rolled f.c.c. Single Crystals 52 

2.4.4. 2 Recrystallisation Textures of 
Poly crystalline f.c.c. Metals 

and Alloys 54 



56 


2.4. 4. 3 Theories of the Fomation. of 
Recrystallisation Textures 

3. EXPERIMENTAL PROCEDURE 69 

3.1 Material and Initial Treatment 69 

3.2 cold RolUng 69 

3.3 Recrystallisation Anneal 7.0 

3.4 Optical Microscopy - Grain Size Measurenent 70 

3.5 Electron. Microscopy 70 

3.6 Texture Measurement 72 

4. RESULTS AND DISCUSSION 73 

4.1 The Cold-worked state 73 

4.1.1 Rolling Texture 73 

4.1.2 El ectrom Microstructures 73 

4.2 General cfoservations on Annealing 74 

4.2.1 Annealing: Textures 74 

4.2.2 Electron: Microscopic Ctoservations 75 

4.2.3 Optical Microscopic Observations and 

Grain. Size Measurements 79 

4.3 Discussion; of Results 7S 

5. CONCLUSIONS 83 


REFERENCES 

APPENDIX - IDEAL ORIENTATIONS IN A {200 } POLE FIGURE 



CHAPTER - 1 


INTRODUCTION 

In fee metals and alloys it is usual to distinguish 
between three different types of deformation textures: 

(i) brass or alloy type texture in low stacking fault energy 
materials/ (ii) copper or pure metal type texture in medium 
stacking fault energy materials and (iii) aluminixam-type 
texture in, very high stacking fault ener^ materials. While 
in the brass-type one has practically only the brass-component 
Clio} <112> and in the copper-type the cu {112 3 <111> / 

S {123}<634> and brass components are nearly equal ly strong, 
the S compoment predominates in the aliaminiuro type. 

Exciting cu, Ag and Au extensive data on stacking 
fault energey (SFE) are available for two other fee metals, 
e.g., alundniLura and nickel. A reasonable value of the SFE 

of Al, as estimated from its coherent twin energy is y 

2 2 

200 ergs/cjn . Although the statemait y 250 ergs/cro is 

probably reasonably accurate. It might be as well nearly to 
say that the stacking fault eiergy of Nl is very high indeed. 

Addition: of cobalt to nickel has been known to 
reduce the stacdcing fault ener^ of the latter drastically. 
Thus it is possible to design a number of Ni-co alloys with 
widely varying stacking fault energies by simply changing 
the cobalt content, work: in this system is expected to 
throw much light on: the whole phenomena of deformation and 
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recrystallisation texture formation as a function of stacking 
fault energy. Since hardly any systematic work has yet beai 
carried out in: this system of alloys, it was proposed to 
undertake work in: this direction. 



CHAPTER - 2 


LITERATURE REVIEW 

2* 1 The cold-^’orked state 

Geneirally the cold-worked state may be taken as any 
strained or damaged condition of a crystalline material 
brought about by processes such as plastic deformation^ part- 
icle bombardment, quenching frcsn a high temperature or phase 
transformations. ^ ^ ^ The principal entities responsible for 
the cold-worked state are point defects such as vacancies and 
interstitials as well as linear and planar defects like dis- 
locations and stacking faults^ etc. In the present review 
only the cold-worked state produced by plastic deformation 
will be discussed, in general w’lth reference to f.c#c* metals 
and alloys. Plastic deformation of a material involves a 
permanent shape change produced by stressing the material 
beyond its elastic limit. Any or all of the types of defects 
raoationied above may be produced in the solid during the 
course of plastic deformation. If the deformation occurs at 
a sufficiently low temperature, many of these defects will be 
retained. As a result of it, increased content of crystal 
defect, such a material is in a thermodynamically metastable 
state. 

2.1.1. Microstructure of coid-worked metals 

transmission 

For more than two decades ^ electron micro- 

scopy techniques have been successfully applied to determine 
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the structure of oold-worJced metals* 

Bailey and Hirsch^^'^^ made electron microscopic 
observations on poly crystal lime silver, copper and nickel 
foils deformed in toision. They found that the dislocations 
introduced into these nsetals by plastic deforraatiom are arran- 
ged in a cellular structure* The cell boundaries appear to 
consist of ccxnplex dislocation arrangonents together with a 
large nvjBnber of small loops. The nuisorientation across the 
cell walls were measured and found to be of the order of a 
degree. With increasing deformation the dislocation daisity 
and the misorientation across the cell-boundaries in the 
heavily deformed specimms (cold-rolled to 95% reduction.) 
have been found to be quite large, even upto ~10“. Due to 
very high dislocation daisity (>10^^) present at this stage 
the individual dislocations are not easily resolved, and it 

is also very difficult to recognise the original grain boun- 

( 4 ) 

daries. This is also confirmed by Bollraann* s study on 
nickel coM-rolled to 80% reduction. 

Weissraann et.al.^^^ have reported observations cai 
the roicrostructure of high purity aluminium which was cold 
rolled to different amounts. Their result indicate that for 
a weakly deformed (5% cold -rolled) specimen the microstructure 
consists of long kinked dislocation, lines which upon inter- 
action with other dislocations, form dislocation tangles. 
Increased cold -working to 10% reduction by rolling, gives 
rise to a more pronounced dislocation entanglement and a 
distinct emergence of cell-structure. At about 30% 
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cold-reduction# the formation; of cell-structure is well- 
advanced# with most of the dislocation tangles arranged in 
the cell-walls and relatively few dislocations within the 
cells. The cell walls become more sharply delineated with 
increasing deformation. It is rather interesting to note 
that im al\jinini\jm the cell interior ronains relatively free 
of dislocations evai for specimens cold worked as much as 90%/ 
although there exists interspersed regions of high dislocation 
density in which cell structure is poorly developed. Frequ- 
ently with external annealing# slip dislocations in heavily 
cold-rolled specimens are found to align themselves into 
distinct low-angle boundaries# and this is regarded as a 
manifestation of dynamical recovery - 

Fine rarechanical twins and stacking faults on closely- 
spaced planes have been observed by Hu et.al.^^^ in. thin; foils 
parallel to the rolling plane section in Cu-4% Al crystals of 
the (IICT) [ 112 ] orientation when rolled 95% and 99% at room 
tatiperature. Such twins were only rarely found in similarly 
deformed copper single crystals of the same orientation. 

Heavy clusters of stacking faults and micro tw'ins were also 
observed in thin, foils pr^ared from the rolling plane section 
and the longitudinal section of cu-4% Al crystals of the 
(112) £ 111 ] orientation, whoi rolled upto 50% reduction at 
25° C. The occurence of micro-twins have been found to be 

(61 

more frequent in poly crystalline 70:10 brass than in copper ^ 
wh^ rolled 50% at room temperature# although the cellular 
structtire is almost the same in both metals# whai rolled 9S% 
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at room temperature, clear stib-graln; structure could be 
found in; pure copper but no such dynamic recovery could be 
seen in the brass sample. 


2.1.2. The stored energy produced by cold-rolling 

A small percentage (usually from 1% to 1CP^) of the 
energy expended in plastically deforming a metal remains 
^stored* in the metal causing an increase in internal energgif. 
This increment in internal energy is associated with the 
defects generate! during deformation; and provides the energetic 
driving force for relaxation processes which occur when the 
cold-worked metal is s\±>sequently annealed at a higher temp- 


erattire. The magnitude of the stored energy produced by 
cold— working is affected by variables such as purity^ method 
of deformation# taTjperat\xre/ grain size and composition. 

comparison of calorimetric and metallographic results 
have shown that the energy of plastic deformation can be 


stored by the following mechanism; 

a) Elastic strain, energy 

b) Energy o£ dislocations 

c) aiergy of point defeats 

d) Energy associated with stacking faults and twins# 

and e) Energg/ associated with the destruction of ordered 


regions. 

The elastic strain energy for filed 75% Au - 25% Ag 
alloy has been estimated at about 3% of the total stored 
energy by Averbach et.al.^*^^^ Michell and Haig^ * ^ have shown 
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that the elastic strain energy for ground nickel is about 
12’/o of the stored energy. These dates show very convincingly 
that the elastic energy contribution! is usually very small. 
This automatically leads to the conclusion that the major 
portion of the stored energy of coM-work, atleast for pure 
metals / is due to the lattice defects. 

In order to arrive at an estimate of the fraction of 

the stored enerc^ due to dislocations^ information is needed 

on their density and distribution. Annealed metals normally 

6 8 2 

have dislocation densities between 10 to 10 lines/cm / and 

10 1 

severely cold— worked metals usually have between 10 Q^nd 10 
lines/cm^. The precise distribution of the dislocations 
depends strongly on the raetaly its purity and history of 
deformation. 

Both vacancies and interstitial atoms may be consi- 
dered responsible for atleast some energy storage during 
plastic deformation. Although an estimate of the stored 
energy due to vacancies can be made from measured resistivity 
changes# no experiments have as yet established the effect of 
interstitial atoms. In many systems these point defects 
anneal out during or immediately after deformation. 

Stacking faults which are formed during plastic 
deformation can account for an appreciable portion of the 
stored energy# Y# and on the temperatiure of the deformation. 

Deformations twins on a fine scale comparable to 
stacking faults may also contribute significantly to the- 
stored energy . 
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If originally there exists in a material/ either 
short- or long-range order to some degree, then, during plas- 
tic deformation, the passage of dislocations through the order 
regions will disturb the degree of order leading to an incre- 
ase of the internal energy of the system, similarly, if, 
during cold -working, precipitates and clusters of solute atoms 
are sheared due to the passage of dislocations through them, 
the internal energy will again increase. 

2.1.3. Release of stored energy during annealing 

As has been mentioned previously, a plastically 
deformed material due to its increased content of physical 
defects is in a theirnodynamically metastable state. On incre- 
asing the temperature the material can lower its free energy 
by the removal and rearrangement of lattice defects- Haessner^^^^ 
has made a systematic class! fi cation; of the multitude of 
phenomena that may occur on annealing the cold-worked material 
(below the melting point) in terms of five fundamental struc- 
tural processes. These are essentially the following: 

a) Reaction of point defects and point defect agglomer- 
ates ■— their annihilation. 

b) The annihilation of dislocations of opposite signs 
and the shrinking of dislocation loops,. 

c) The rearrangement of dislocations to form energeti- 
cally more favo\irable configurations, 

d) The absorption of point defects and dislocations by 
grain -boimdaxy migrating through the metal. 
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and e) The reduction in total grain-boundary area. 

Haessner^^®^ has termed processes (a) and (b) as 
’recovery' and processes (d) and (e) as ’recrystallisation' - 
In more gpoieral terms recovery is supposed to constitute all 
these annealing phenomena before the appearance of new strain- 
free recrystallised grains, regardless of how refined the 
technique used to detect the new grains. RecJcystallisation 
is supposed to involve the nucleation and growth of these new 
strain-free grains and the gradual consximptioni of the cold- 
worked matrix by the movement of large-angle grain-boundaries. 
It is worth mentioning here that it is often very difficult 
to draw a distinction between recovery and recrystal lisation, 
and in practice the two processes are usually found to over- 
lap one another. 

As has been mentioned before, the stored energy of 
cold-worked provides the driving force for both recovery and 
recrystallisation. For a given set of materials and deforma- 
tion conditions, the stored energy is fixed and finite in 
magnitude. Hoice, the apportionment of the stored energy 
release between the two processes w'ill depend on the relative 
ease or difficulty of their occurrence. 

Tw*o different types of stored energy release during 
recovery are usually observed. Shairp peaks of energy release 
are found in case of pure metals and in a few impure metals. 

In almost all impure materials, however, the energy is 
released over an extended range of temperature and may be 
either of a flat -plateau constant rate type or a gradually 
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increasing rate type. In contrast with recovery# the energy 
release during recrystallisation are always of the distinct 
peak-type. Illustrations of these processes are provided by 
PicEures 1 and 2. Figure 1 which has been taken fran the work 
of Clarebarough et.al.^^^^ clearly indicates that in the less 
pure metals both peaks due to recovery and recrystallisation 
appear to be superimposed on a plateau whereas two distinct 
energy releases can be obseirved in pure metals. Another point 
to be noted im this figure is that the second peak — that due 
to recrystallisation — occurs at a much lower t^perature 
(450°C) in the pure metal than in the less pure material where 
it appears at a temperature of about 650°C. 

A significant difference^^^^ in the behaviour of 
stored energy release for two grades of copper of 99^.967/ and 
99.98a?^ purity is shown in Figure 2. Both the materials were 
deformed to the same extent in torsion energy of the order of 
21 calorie per gram— atom. For the purer material the frac- 
tion of the stored energy release during recovery was 5% 
■whereas for the less pure material it w'as about 'iCf/ai the 
corresponding recrystallisation temperature were 170" C and 

( 12 ) 

29Cf"C respectively . It has been mentioned by these authors 
that the main difference in chanical composition between two 
baths of copper used in their experiment w’as in the phos- 
phorous contant. 

Alloying can significantly change the energy release 
characteristics of deformed material on heating. Figure 3 
shows the power difference (AP) as a function of temperature 



POWER DIFFERENCE, AP { mW) POWER DIFFERENCE iCiP mW 



TEMP*t 
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obtained at a heating rate of 6° c/raln. for nominally 99^.98% 
copper deformed to 45% elongation and for arsenical copper 
(0.35% As) deformed to 40% elongation- It is clearly seen 
here that for the pure copper one sharp (AP) peak occurs at 
about 300® C; whereas for arsenical copper^ a smaller (Ap) 
peak is found at about 440° C. This latter peak is superimpo- 
sed on a low ener^ release plateau which begins to appear at 
about 70° C. 

Both the total stored energy and the manner in which 

the stored energy is released depend on the grain size. 

Clar^rough et-al-^^^^ who investigated specimens of 99^.98% 

compression 

pure copper deformed by • found that for the fine- 

grained material/ the stored aiergy is released much more 
rapidly than for the coarse-grained material- They also 
noticed that for lower values of strain/ more energy is 
stored for the fine-grained material than in the coarse- 
grained. For higher strains# however# the total energy stored 
is the same for the both grain sizes but recrystallisation 
tOTperature has been found to be lower in fine-grained raaterial. 

The manner in which the stored energy is released 
from specimens deformed in fatigue is seen to be markedly 
different from that obtained for unidirectional deformation 
(Figure 4). Clar^roixgh et.al.^^^^ have shown it for 99.98% 
pure copper. 

The magnitude of stored energy released is also depen- 
dent on temperature of plastic deformation- Henderson amd 
Koehler^ investigated the release of stored energy between 
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“185° C and 80° C for polycrystalline specimens of 99.999% 
copper defortired in compression at -185° C. 


2.2. Recovery 

As mentioned earlier, recovery Includes the migra- 
tion of vacancies and of dislocations, leading to annihilation 
or rearrangpanent of a certain portion of thonn. In more 
goieral terms, however, recovery can be considered to be any 
modification of properties during annealing, which occurs 
before the appearance of new' strain-free recrystallised grains, 
regardless of how refined the experimental technique is used 
to detect the new grains. 


2.2.1. Property changes during recovery 


It is usual to find that during recovery both the 
mechanical and the physical properties of materials show some 
change from their values in the cold-worTced state. Nbrmally 
the restoration of a mechanical property such as hardness or 
yield stroigth to its fully annealed value is only about one 
fifth completed during recovery.'"^ ^ Following the work of 
Dronard et.al.^^^'^ a parameter R may be defined which gives 
a measure of the fraction of the particular property recovered. 


R 


X - X 
m 




( 1 ) 


where, X^, is the hardness or flow stress of the fully annealed 


material 
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is the hardness or flow stress of the strain hard 
aied material 

and X is the hardness or flow stress of the strain- 
hardened material. 

Equation (1) may be rearranged to give^ 


1 - R 


^ -^o 
- ^o 


( 2 ) 


Physical properties like density and electrical resis- 
tivity are also found to undergo detectable change frxam 
their cold-w'orked values during subsequent annealing. The 
introduction of lattice de£ects like vacancies and disloca- 
tions produces a slight decrease in the density of a metal 
during cold working. During annealing when a gradual loss 
of these defects takes place, the density again approaches 
its annealed value during recovery and continues to do so 
during further annealing leading to recrystallisation. 

Electrical resistivity changes from the cold worked 
value are frequently employed to follow the progress of both 
recovery and recrystallisation. It is usually found that the 
resistivity shows a slight decrease from its cold worked 
value during the recovery anneal and rather a sharper decrease 
as the annealing temperature is increased and recrystallisa- 
tion starts. 

The progress of the recovery process on annealing a 
cold worked raretal can also be studied by following the 
changes of X-ray line broad eiing. Two factors, particle 
size and residual stress, deteirmine the extent to which an 



x-ray diffraction line is broadened, and the two contribu- 
tions may be separated using the Fourier analysis technique 
developed by warren and Averbach. Using this analysis 

has shown that during the recovery of rolled single 
crystals of silicon iron/ the particle size (which may be 
related to cell size) increases and the residual stresses 
decreases- To obtain really useful information from line 
broadening experiments, it is essential to analyse the diff- 
raction line profile in detail which can only be done effec- 
tively with the help of a computer. Another simple method of 
analysis of the line broadening data which can be utilised to 

(19) 

follow the recovery process has beoi suggested by Hu. A 

line sharpening parameter R has been defined as. 


R = 


^min ^b 
max b 


( 3 ) 


where, is the intmsity minimum between and ic. 


"a 


peaks 


M 


max 


and 


is the intensity maximum of the KT peak 

1 

is the background intensity. 


Althoxjgh the parameter R does not give any information regar 
ding either the cell size or residual stresses/ it does give 
some g^eral indication of the progress of the recovery 
process . 


2.2.2. The )d.netics of recovery 

In general it is observed that the rate of recovery 
of a property from the cold -worked value depends on the 
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activation energy for recovery. It is evident that Q can be 
obtained by plotting In t vs. 1/r for various fraction of 
recovery and measuring the slope a/R of the straight line 
representing the amoiant of recovery in question. 

2.2.3. Recovery mechanisms 

The annealing of a plastically deformed material may 
be quite complicated in view of the fact that many types of 
point defects as well as dislocations and planar faults can 
be present simultaneously and interact in many ways during 
annealing. 

Electron microscopic evidence indicates that, in 
general^ a cold worked metal has a cell structure. The cell 
walls consists of dislocation tangles^ and some additional 
dislocations are found to exist in the cell interiors. As 
annealing starts/ the tangled dislocations in the cell walls 
are supposed to rearrange themselves while some of the dislo- 
cations from w'ithin the cells may be attracted to cell walls. 
During the whole pirocess of recovery dislocation annihilation 
probably occurs since the dislocation density in the cell 
interiors is found to decrease gradually on continued annea- 
ling. The cell walls become more clearly defined and evoa- 
tually form sxjb-grains of about the same size as the initial 
cells. The sub-grain size does not change much until quite 
late in the recovery process when it starts increasing 
slightly. Thus/^ it might be said that/ in general/ three 
processes — dislocation annihilation/ subgrain fomation and 
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Hu and szirmae showed that at least some sub-grains in 
recovered silicon-iron satisfied the above condition. 

sub-grain growth by way of sub-grain boundary migra- 
tion has been objected to on the grains that Iok’ angle boun- 
daries are relatively immisible. Bainbridge et.al.^^^^ 
measured the rule of migration of simple tilt boundaries in 
zinc under a constant sheer stress. Figure 8 taken from 
their results indicates that although relatively high dis- 
placement rates are obtained at small misorientations, the 
rate falls to quite a low- value when misorientation of 
are approached. 

The coalescence model of sub-grain growth proposed 
( 37 ‘) 

by Hu overcomes the problem of boundary mobility to a 
large extent. According to this the increase in size of 
sub-grains during recovery is due to a coalescence process 
whereby adjoining sub-grains having slightly different orien- 
tation merge into the same orientation giving rise to a 
bigger sub-grain. Fujita^"^^^ has also reported a similar 
process in aluminium. The entire process of coalescence is 
shown schematically in Figure 9. The boundary CH between 
two adjoining sub-grains in (a) is shown being eliminated by 
the physical rotation of the right hand side sub -grain in 
(b). Clearly if this has to be accomplished it is necessary 
to have some atom diffusion along boundaries from the shaded 
areas to the corresponding open areas (b). Finally a geome- 
trical adjustment of the bomdaries BC/ CD, IH and HG is 
postulated to give the big sub-grain structure in (d) Thus 
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s\±)~grain grovcth may take place during the recovery of 
most metals. 

2. 2-3.1. Dislocation annihilation 
( 22 ) 

Keh^ found direct experimental evidence that the 

dislocation density decreases during the initial stages of 

recovery (Figure 5). This presumably does not involve move- 

( 23 ) 

ments of dislocations over long distances. According to Li 

dislocation annihilation takes place in the cell boundaries. 

It has also been found that elongated dislocation 

loops/ if formed during plastic deformation/ will/ during 

(24) 

recovery, gradually becomes circular and finally vanish. 

Wagner^ has shown that stacking faults, introduced 
by cold-work/ can be annealed out during the recovery stage- 

2.2.3. 2. Polygonisation and sT±>grain formation 

The process of polygonisation was originally 
proposed by Orowan^^^^ in 1947. It has been considered in 
detail by cahn^ / Beck et .al. ^ and Hibbard and 

Dunn, ^ The first clear pi-cture of polygonisation was 
proposed by cahn^ who reported the results of a study on 
the effects of annealing bent single crystals of aluminium, 
zinc, magnesium and sodium chloride. These crystals were bent 
about an axis parallel to their active slip planes, CBhn 
studied both the deformed and annealed states in these crystals 
by taking tansraission Laue patterns with the X-ray beam normal 
to the active slip planes# He observed that the continuous 
asterism of the Laue spots obtained from the bent crystals 



19 


became discontinuous after anneal. This has been explained 
as due to a process — polygonisation ■ which leads to a 
rearrangement of dislocations/ with a resultant lowering of 
the lattice strain energy. The mechanism has been shown 
schematically in Figure 6- The random arrangement of excess 
parallel edge dislocations produced during deformation can 
clearly be seen/ on heating/ to align themselves / into walls 
to form small angle/ polygonisation or s\ab -grain boundaries 
by a process of annihilation and rearrangement. That the 
dislocation, walls so produced were normal to the main slip 
planes active during bending was verified by Cahn by produ- 
cing etch pi-ts after the anneal. The process of polygonisa- 
tion is beliieved to stairt with the glide and clirnb of indi- 
vidual dislocations/ ther^y forming small segments of boundary 
perhaps five to t^ dislocations high. By further glide and 
clinto these short range boundary segments then combine to 
ggive larger boundaries/ still of low angle, which may now be 
termed long range. At higher temperature the spacings between 

these boundaries are foxond to increase and this lies led to 

f 33 X (34) 

the suggestion by Dunn and Daniel and later Gilman 
that two neighbouring boundaries may coalesce. This is 

, ( 35 ) 

thought to take place by the so-called Y -junction mechanism 
which produces a single boundary (Figure 7). Although mis- 
orientati on across the sii^le boundary will be the sum of 
both the original boundaries/ the total energy of the syst«n 
is lowered by this ntechanlsm. The same suggestion was made 
by BryshkQ. et.al.^^^^ during their work on steady state 
creep at elevated- tereqperatures. 
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2 . 2 . 3 - 3 . Su b-grain g rowth 

( 7 ) 

Averbach et.al. ■' showed that a slight increase 

in average particle size occurs prior to the temperature at 

which a sharp hardness drop ia produced by recrystallisation. 
( 37 ) 

Hu has reported frcxn electron microscopic evidences that 
sub-grains in a rolled 3% silicon-iron single crystal gradu- 
ally increase in size prior to the appearance of recrystall- 
isation- Two mechanisms sub-boundary migration and sub- 
grain coalescence — have been proposed to dxplain the growth 
of sub-grains during recovery. 

Growth by sub-grain boundary migration may be thought 
of in similar terms to primary grain growth where grains 
larger than a critical size are supposed to grow at the 
expense of those which are small than the critical size- 
The rate of growth of a particular sub-grain is given by Hu 
and szirmae ' as 

if = M(AG - (8) 


where R is the radius of the growing sub-grain 
M is the interface mobility 
AG is the free energy per unit volume for growth 
and cr is the specific surface energy of the interface- 

d R 

At eqtdlibriijm ^ = 0 so that 


R 


2a 

AG 


It follows that grow'th will occur if 

2 a 


R > 


AG 


(9) 


( 10 ) 
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the whole process probably requires some co-operative climb 
of dislocations along the disappearing sub-grain boundary and 
also some atom movements by vacancy diffusion around the sub- 
grains. The kinetics and t hemodynamics of the coalescence 
process have been examined in detail by 

The energy of a sub-grain boundary/ E, is related to 
the misorientation across it/ 6/ by the Read-Shockley equa- 


E = Eq 6(A - In 0) (11) 

where/ E^ and A are both constants. An E versus 6 plot is 

shown in Figure 10. This curve reaches a maximum when © = 

A-1 

e . Hsice/ 


E 


max 


max o 


In 0 ) 

max 


0 E 
max o 


( 12 ) 


SO/ the equation (11) can now be also written as/ 

(I - In — ) (13) 

max max max 

Several checks have been made experimentally to test the 
validity of equation (13) and the combined results of Dunn 
et .al. and Anst and Chalmers ^ ^ are shown in 

Figure 11. It is seen that the four sets of data do seem to 

/ A \ 

fit one theoretical curve qxiite well. Gjastein and RhinesV 
have pointed out that the equation (13) is misleading since 
it ensures a good fit even at very high values of 6. This is 
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the whole process probably I'equires some co-operative climb 
o£ dislocations along the disappearing sub— grain boundary and 
also some atom movements by vacancy diffusion around the sub- 
grains. The kinetics and thermodynamics of the coalescence 

. . (41) 

process have been examined in detail by Li. 

The energy of a sub-grain boundary, E, is related to 


the misorientation across it, 9, by the Read-Shockley equa- 


tion 


(42) 


E = E^6(A - In 0) (11) 

where, E and A are both constants. An E versus 0 plot is 
o 

shown in Figure 10. This curve reaches a maximum when 0 = 
e^“^. Hence, 


E =0 E (A - In 0„,^) 

^max max o^ max 


= 0 E^, 

max o 


( 12 ) 


So, the equation (11) can now be also written as. 


E = e_ e , (13) 

max max max 

several checks have been made experimentally to test the 

validity of equation (13) and the combined results of Dunn 

et .al . ^ and Anst and Chalmers ^ ^ ^ are shown in 

Figure 11. It is seen that the four sets of data do seem to 

( 47 ) 

fit one theoretical curve quite well. Gjastein and Rhines 
have pointed out that the equation (13) is misleading since 
it ensures a good fit even at very high values of 9- This is 

h 





22 


tar beyond the range of application of the original theory- 
By measuring absolute values for the boundary oiergy in copper, 
they were able to show that the Read-shockley equation can be 
applied to tilt and twist boundaries for angles upto 6° and 
3° respectively. 

In any case the equation (13) predicts that by 

lowering the misorientation across a sub-boundary the overall 

energy of the system is decreased. considered the 

case of two neighbouring sub-grains of small misfit, and showed 

that a sub-grain could rotate naturally in a direction which 

enables low angle boundaries to decrease their angles of 

misfit. In fact, the mechanism of sub-grain growth on the 

basis of the coalescence model can be treated either in terms 

of co-operative vacancy diffusion or co-operative climb and 

0 

also the rate of rotation determined as a function of g 

max 

(Figure 12). Li has estimated that the time required to 
eliminate the common boundary between two adjoining sub- 
grains of slightly different orientation is given by 


t 


3DE^^b^ 


(14) 


where L is the sub-grain size, D is the diffusion co-effi- 
cient and j is the jog density. Using this equation he was 
able to show that reasonable agreement exists between the 
predicted and measured rates of sub-grain growth in aluminium - 
The bulk of the evidence supporting sub-grain coal- 

( 37 \ 

escence is due to Hu , who studied sub-grain growth direc- 
tly by transmission electron microscopic technique. Studies 
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(48^ (49) 

made by Taneda^ ^ on pure iron# and koo and Sell on 

zirconixim, also favours coalescence mechanism, waiter^ on 

the other hand^ put foru-ard the alternative suggestion that 

sub-grain growth may more readily secure by sub-boundary 

/ r 1 \ 

migration, smith and Dillamore^ ^ noticed that sub-grain 
growthy on the annealing of cold-rolled iron sheet, occurred 
too quickly for a sub-grain rotation process to be the cont- 
rolling factor and required sub-boundary migration to account 
for the kinetics. 

2.3. Primary Recrystall isa tion 

As mentioned earlier, recrystallisation of a deformed 
metal involves the nucleation and growth of new strain-free 
grains which may be widely different in orientation from the 
surrounding matrix. The new grains grow at the expense of 
the cold-w'orked matrix by high angle boundary migration- 

2.3.1. The nucleation of recry st a Ills ed grains 

Studies on the nucleation process in recrystallisa- 
tion have, until now, yielded very little information about 
the mechanism involved. This is quite understandable since 
nuclei, by nature, are small and so it is extremely difficult 
to observe a nucleas before it starts growing. Since the 
advoit of transmission electron microscopy, the structure 
and orientation of very small regions can be examined in 
more detail- Preciously for this reason this technique has. 
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for sometime/ been considerably used in experiments designed 
to study nucleation in recrystallisation. 

2.3.2. Models of nucleation 

In the course of time three principal models of 
nucleation have been developed: a) classical nucleation/ 
b) sub-grain growth, and c) strain induced boundary migration. 

2 . 3 . 2. 1 . Classical nucleation model 

The classical Volmer-Becker theory of nucleation, 

as ordinarily applied to the formation of solid nuclei in super 

(52) 

cooled liquids, has been extended by Burke and Turnbull to 

the nucleation problem during primary recrystallisation- The 
model is based on the assumption that the nucleas which is 
stable and capable of growth is formed as a result of thermal 
fluctuations in the soise of the classical nucleation theory 
of phase transition- A critical nucleas size is determined 
by the condition that for the nucleas to be just stable, the 
free energy will not change due to an infinitesimal increase 
in size, because the reduction in volume free energy will 
just balance the increase in interfacial energy. In this 
model the volxme free energy change can be defined as the 
difference in strain energy per unit volume between the cold- 
worked state and the fully recrystallised condition. Simi- 
larly, the interface between the recrystallisation nucleas and 
the surrounding deformed matrix can be envisioned approxima- 
tely as a small angle tilt boundary- Nev\' grains should want 
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to form only very small misfit angles with the matrix/ since 
this would lead to lower values of the interfacial energy. 

On the credit side this model can account for exis- 
tence of an incubation period. It also predicts the prefer- 
ential nucleation of recrystallised grains in the most severely 
deformed regions. On the other hand/ this theory predicts 
that new' grains should always be close in orientation with 
respect to the adjacent cold— worked matrix. Another drawback 
of this theory is that no effect of purity is allowed for, 
yet purity very often seems to be of paramount importance in 
recrystallisation . 

2 . 3 . 2 . 2 . Sub -grain growth model 

Originally this model was based on the idea 
that the cells produced in the cold— worked materials gradually 
become strain free during annealing by classical pblygonisa- 
tion- Further growth or coarsening of these polygonised 
cells or sub-grains w'as supposed to lead to the formation of 
a recrystallised grain. 

It is now believed that by a process dislocation 
climb and rearrangement of small strain-free cells are formed 
in a deformed matrix from regions of high dislocation density. 
Once a sufficiently large dislocation free cell or sub-grain 
has formed it can grow into its neighbourhood. According to 
Cottrell^ the mis orientation of a sub-grain relative to 
its immediate surrounding is more important than its size 
in controlling its grow'th. 
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Cahn^ ' has suggested that when a siib-grain starts 
growing its boundaries sweep up most of the dislocations 
which they come in contact with. Thus/ the periphery of a 
growing sub-grain acquires an even higher dislocation density . 
As the sub-boundary angle increases there varies a point at 
which the individual dislocations on a boundary begin to loose 
their identity and it is at this stage that the boundary 
changes its character from a sweeper up of dislocations to a 
destroyer of dislocations. With such a state of affairs the 
growth of the enlarging s\jbgrain (which can now be termed the 
of a recrystallising grain) may be expected to acce- 
lerate. However/ early work on recrystallisation has 

fairly established that larger new grains do not readily grow 
into matrix regions of orientations only a few' degrees diff- 
erent from their own. Thus/ the growth of the enlarged sub- 
grains can be ensured only if Icsig range lattice curvatui'es 
exist in cold -worked metal. The whole exercise points to a 
fact which is difficult to rationalise, namely, this small 
angle boundaries consisting of separate identifiable disloca- 
tions migrate freely while boundaries of rather larger angles 
do not, unless the misorientations across them exceeds about 
10-15”. Cahn^^^^ used the terms ‘sub-boundary’ and ‘boundary' 
to distinguish between the tw'O categories. However, it has 
not been analysed preciously at what stage the transition 
from sub-boundary boundary takes place. A situation similar 
to this has been described by Walter and Koch^^®^ in their- 
studies on recrystallisation in cold-rolled Si-Fe. Figure 13 

4r 
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shows schematically what has been observed to happen within 

a sharply rrrisoriented deformation band in cold-rolled si^Fe. 

Here relatively large subgrains have been found to act as 

preformed nuclei which grow into neighbouring subgrains 

having sharply different orientations. When this nuclei 

become large enough to reach the highly misoriented matrix 

region/ they attain large angle boundaries and are then 

favoured for fxirther growth. Evidences of subgrain growth by 

boundary migration/ ultimately giving rise to recrystallised 

( 59 ) 

grains/ have been found by Micheals and Ricketts / 

Granzer and Haase^^^^ and also by Marsden . ^ 

The stored energy in cold— worked metal is inefficient 
for homogeneous nucleation of new grains in recrystal lisation- 
Several models for inhomogeneous nucleation were examined; 
consideration of the geometry of the nucleation of the new 
grains at old grain boundaries shows that these sites to be 
undesirable due to the large contact angle. Others have 
considered the possibility of a low angle boundary between the 
deformed grain and the nucleas/ but in this case the lack of 
mobility of the low angle boundary results in polygonisation 
rather than recrystallisation. Only boundaries that have 
misorientations > cn. 20° are potential nuclei. Further/ a 
subgrain of the same size as its neighbour would be unstable/ 
that the sub-grain must have a size advantage over its 

neighbour and at least one high angle boundary to function 

, ( 62 ) 
as a nucleas. 

A variant of the s^Jbgrain growth model of nucleation 
based on boundary migration has beoi proposed by Hu.^ 
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This has been termed ' subgrain coalescence' — the mechanism 
o£ which has already been described. On the basis of obser- 
vations on Si-Fe single crystal^ he suggested that a recrys- 
tallisation nucleas results from a sequence of subgrain coal- 
escQice process (Figure 14). Recentlyy observed a 

similar process during recrystallisation of heavily rolled 
copper. 

2 . 3 . 2 . 3 . Strain-induced boundary migration 

This is basically a model of growth since it 
assumes that the unstable cold -worked state already has large- 
angle boundaries of macroscopic or microscopic dimensions and 
that during recrystallisation these boundaries simply bow out 
leaving strain-free material behind. Observations made with 
light microscopy by Beck and Sperry showed that sometimes 
recrystallisation does not involve any nucleation but only 
growth of strain-free regions brought about by grain -boundary 
migration. This process w’aich has been termed as strain- 
induced boundary migration/ consists of the irregular movement 
of an existing boundary with' an irregular jagged front/ shown 
schematically in Figure 15. According to this model there is 
no incubation period, since no nucleus of new orientation 
has to be formed. Frequently it is observed that the victim 
grain is the one which is more severely work-hardened, the 
stored energy of this grain provides the driving force for 
the entire process. The grain with the larger cell-size will 
have the lower energy, so that recrystallisation occurs by 
the movement of a portion of the boundary into the high energy 
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Nticleation by subgrain growth in a de iformation bai^ 
in: rolled Fe-Si alloy (Ref. 58) | 
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Fig. 14 Schematic representation of the formation of « 
rec^stallised grain i by the coalescence of 
grains (Ref. 63) 
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grain having a smaller cell-size. According to Dohertey^ 
nucleation at a grain boundary by strain-induced boundary 
migration requires a heterogeneity of subgrain size which wc 
achieved (in Al) by subgrain coalescence^ but this coalescer 
only occurs where a deformation band was present. In iron 
reduced 4CP4, the heterogeneous strain allowed nucleation by 
strain -induced boundary migration without the need of free 
coalescence. Nucleation occurs steadily as shear bands but 
the exact mechanism has not been developed - 

Bailey and Bailey and Hirsch*'^^ developed a simp] 
model to analyse the energetics of this process. According 
their model local regions of an original grain boundary 
migrate by bowing out into the shape of a spherical cap. 
Figure 16 show-s how a length 2L of a grain boundary gradual] 
bulges out to successively larger sizes. Bailey and Hirsch^ 
have shown that growth rate of the recrystallising grain car 
be written as, 

1-E . 

where/ v = volume of the recrystallising grain 
A = area of the recrystallising grain 
E = difference in stored energy per unit volume 
across the migrating boundary 
Y = specific grain boundary energy 

3 

b = volume occupied by one atom 

and 

.VK. . ^^a. 

= “'p'" -Rr> 


f 


( 1 € 


Fig. 16 Model for high-angle grain boundary migration proce^ 
in recrystallisation (Ref. 3) 
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where. 


and 


AF = free energy difference per gram-atom between an 
an atom in the initial state and the nevv* acti- 
vated state 
R = gas constant 
T = absolute temperature 
K = atomic weight /density 
y = atomic jimp frequency • 


It has been show'n that the condition for groA'th to occur can 
be given by the expression 


L > II (17) 

E 

Bailey and Hirsch^^^ found this criterion to be approximately 
satisfied in their ovvn work on cold -rolled deformed silver. 
However, no attempt has been made to check if for the coarser 
scale of strain-induced boundary migration claimed by Beck 
and Sperry in lightly deformed Al- 


2.3.3. Grain boundary mig ration 

Grain boundary migration is known to play an essentia 
role in recrystallisation and subsequent grain growth. A 
grain boundary may be defined as a layer of distorted materia 
which is the result of atomic mismatch between two adjoining 
crystals of different orientations. 

2 . 3 . 3 . 1 . Orientation de pe ndence of boundary migrati on 

Numerous experiments have been performed to study 
the migration of grain boundaries in f.c.c- metals. Studies 
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where, AF_ = free energy difference per gram-atom between an 

OL 

an atom In the initial state and the new acti- 
vated state 
R = gas constant 
T = absolute temperature 
K = atomic weight /density 
and V - atomic jump frequency . 

It has been shown that the condition for grow-th to occur can 
be given by the expression 

L > -21 (17) 

Bailey and Hirsch^'^^ found this criterion to be approximately 
satisfied in their ovvTI work on cold-rolled deformed silver. 
How'ever, no attempt has been made to check if for the coarser 

scale of strain-induced boundary migration claimed by Beck 

( 55 ) 

and Sperry in lightly deformed Al. 

2.3.3. Grain boundary mig ration 

Grain boundary migration is known to play an essentia! 
role in recrystallisation and subsequent grain growth. A 
grain boundary may be defined as a layer of distorted materia! 
which is the result of atomic mismatch between two adjoining 
crystals of different orientations. 

2 . 3 . 3 . 1 . Orientation de pe ndence of boundary migration 

Numerous experiments have been performed to study 
the migration of grain boundaries in f.c.c. metals, studies 
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on the growth of new grains in strained single crystals have 
convincingly demonstrated that growth can be orientation 
dependent. This points to the fact that there is a marked 
orientation dependence of grain boundary migration. By care- 
ful experiments an anisotropy of the migration rate has been 
confirmed. The highest migration rate in f.c.c. metals has 
been obtained when the growing grain is crystal lographi cal ly 
related to the matrix by a 30-40° rotation about a common 


<11 1> axis. 


(66,67) 


More recently work done on lead*'^® 70)^ aliaminium^'^'^ ^ 
(7 2) 

and copper has shown that for very high purity zone- 
refined metals there is practically no preferred orientation 
relationship for high mobility, at least at high temperature. 

In principle, the anisotropy of the boundary migra- 
tion rate can be interpreted as due to the orientation 
dependence of either the driving force or the boundary mobi- 
lity- In highly deformed materials which show a complex 
dislocation structure, the anisotropy of driving force can be 
ruled out as a possibility and hence an orientation depoidence 
of boundary mobility is quite expected. The first attempt to 

rationalise the orientation dependence of the grain boundary 

( 73 ) 

mobility arose from the work of Kronberg and Wilson 
who proposed a grain boundary model based on lattice coinci- 
dences. A more recent model based on the concept of boun- 

(74) 

dary coincidence has been proposed by Bishop and Chalmers 
in order to characterise the special orientations which show 
high grain boundary mobility. The structure of a symmetric 



32 


tilt boundary with a rotation of 28-1° about a <100> axis 
based on this model is shown in Figure 17. 

Theoretical treatments of the effect of impurities 

f 75 ^ 

on- g'rain boundary mobility have been presented by Cahn 
The theory is based on a common assumption that there is an 
interaction between the impurity atcxns and the grain boundary 
and that during joigration the solute atoms have to travel a lor 
with the boundary. If the driving force is large enough to 
overcome the dragging effect of the impurities then the boun- 
dary might breakaway from the impurity atmosphere and this 
according to all theories will increase the mobility consider- 
ably . 

/ n ^ \ 

According to Ray , recrystallisation was found to 
be easier in foils made from the transverse and longitudinal 
sections than from ones parallel to the rolling plane. This 
is due to the fact that the cells produced by deformation are 
pancaked shaped with the cell boundaries lying nearly para- 
llel to the rolling plane. Foils which were taken parallel 
to this plane may not contain a sufficieit number of cells 
through the thickness to allow formation of a recrystallisa- 
tion nucleus with a high-angle boundary; In such foils grovv’th 
may also be inhibited. 

During the initial stages of annealing of pure CU/ 
in the rolling plane section/ the small grains having the 
orientation (110) [112] were found to nucleate in situ. In 
the later stages, how-ever, cUbe-oriented grains appear to 
engulf small grains of other orientations. In contrast to 
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rolling plane sections in transverse section foils of pure 

Cu (110) [112] oriented grains are found to grow to large 
(76) 

sizes. 

According to Novikov^^”^^> the kinetics of secondary 
recrystallisation is affected by 1) the value and the beha- 
viour of pinning force and 2) the magnitude of the driving 
force for grain growth. The former depends on the volume 
fraction, the dispersion and the nature of the fine precipi- 
tates. The later is influenced by initial grain size distri- 
bution and the curvature of the moving boundaries. 

The two dimensional growth slows down the secondary 
recrystallisation whan the initial average grain size exceeds 
1/10^^ of the sheet thJLckness . 

2.4. Preferred Orientat i on or Texture 
2.4.1. Introduction 

When a poly crystal line material is plastically defor- 
med the lattice orientations in individual grains are found to 
rotate and the material, thereby, assumes a preferred orien- 
tation. The nature of the preferred orientation or the 
'texture' which the material acquires is characteristics of 
the material itself and also depends on the variables connec- 
ted with the deformation process, when the deformed material 
is recrystallised, grain rotation again takes place giving 
rise to a new’ preferred orientation. 
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2.4.2. Description o £ textures 

The most complete description o£ textures in a poly- 
crystalline material can be given by stating the crystallo- 
graphic orientation o£ each and every crystallite belonging to 
it. This is virtually impossible £or fine-grained polycrys- 
talline metals and alloys where the nvimber of crystallites is 
very high and therefore# it is customary to use a statistical 
description instead, x-ray diffraction methods are now widely 
used to yield a collective determination of orientation over 
a large number of crystals through scanning and integrating 
mechanisms. The diffracted intensity data obtained fran the 
X-ray techniques are corrected for background intensity and 
absorption and then normalised relative to intensity level of 
a random specimen. These data are then represented by the 
use of either conventional or inverse pole figures or by means 
of mathematical functions. There are two variations in the 
conventional methods: the first one, called the transmission 

technique, was originally described by Decker, Asp and 
( 78 ^ 

Harker ' and the second one, known as the reflection tech- 

( 79 ) 

nique, was first described by Schultz^ . The basic geometry 
of the two methods are shown schematically in Figure 18. 
Convaitional pole figures represent the special distribution 
of the poles of a specific form as a function of angles, a 
and 6, as defined in Figure 19. The entire pole figure cannot 
be determined through the use of either of the above two 
techniques, since the transmission method is limited to 
approximately the outer 60’’ of the pole figure by the specimen 







R.D. 
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thickness and its linear absorption co-efficient^ while the 
reflection method is restricted to the inner 70® or the pole 
figure due to defocussing of the Bragg reflection- The infor- 
mation givei by a conventional pole figure is conveniently 
expressed in terms of 'ideal orientations' of the form {hkl} 
<uvw> where fhkl } denotes the indices of the plane in the 
plane of the sheet and <uvw>> the direction parallel to the 
rolling direction - 

An alternative description of the texture involves 
showing the frequency with which a specific specimen direc- 
tion/ e.g. the wire axis of a fibre texture/ coincides w'ith 
crystallographic direction in the unit triangle of a stereo- 
graphic projection. The axis distribution charts so obtained 
are commonly known as 'inverse pole figures'. Although many 
workers including Barrett^^^^z Harris have used this tech- 
nique for fibre textures/ its application to the description of 
sheet textures using 3-axis distribution charts for the 
rolling/ transverse and normal directions is a subject of 
controversy. Bunge^ ' has shown mathematically that the 
3-axis distribution charts contain less information than the 
pole figures from which they were deduced. To overcome this 
difficulty/ the concept of biaxial pole figures/ which 

completely represents sheet texture/ was introduced by 

(83 84 ) 

wilHama ' . such a representation essentially consists 

in giving a continuous range of orientations which expresses 
the x-ray diffraction intensity data in an optimal fashion. 

In this method the crystallographic rotation of one of the 
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within a standard xnit triangle by angle P and a (Figure 
20a), A second direction, B (the rolling direction) is loca- 
ted by means of the angle p measured counter-clockwise, from 
the equator around A. The angular volxme over which sheet 
textures are defined is shown in Figure 20b. The orientation 
of one grain would correspond to a single point in this volume. 
As the number of grains increases, a density function, T, can 
be so defined over the volume as to represent the collective 
orientations. The density at a particular point in the 
biaxial volume will then be proportional to the probability 
that a given sample will show the orientation represented by 
that point. The density function is related to the experi- 
mental X-ray diffraction intensities. 

Math^natical techniques for the representation of 
preferred orientation have also been proposed, principally by 
Bunge^®^^ and Roe^®^^. Esseiitially the mathematical process 
involves the formation of a distribution function of orienta- 
tion from a set of suitably processed data of several indivi- 
dual pole figures. Though it is apparent that the distribution 
functions provide the most complete representation of a 
texture, owing to inherent complexity of their derivation, 
however, more use is normally made of the graphical methods 
of pole figures which, for many purposes, appear to be a 
reasonable trtethod of texture representation. 

The potential of neutron diffraction texture measu- 
rement as a tool for accurate investigations of recrystalli- 
sation kinetics is demonstrated by Hansen et.al. by the 
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application of the method to the rectystallisation of heavily 
rolled copper. They demand that this technique compares 
favourably to the standard methods in this field. 

2*4.3. Rolling textures of f.c.c. metals 

A random poly crystalline aggregate will develop a 
preferred orientations or textures/ upon sufficient plastic 
deformation. The nature of the deformation texture depends 
essentially on the crystal structure of metal and its flow 
characteristics. The resulting texture may be affected to 
some extent by many other factors such as the initial textures/ 
the chemical composition/ the previous thermal or mechanical 
treatments, the tanperature, rate or physical constraints 
during deformation, etc* Many theories have been proposed to 
date to explain the formation of textures in poly crystalline 
aggregates. However, the complexity of the deformation 
process of the individual grains in a poly crystal, pairticul- 
arly at large strains, and the usual complexity of the poly- 
crystalline texture itself impose great difficulty in the 
derivation of a theory on rigorous grounds. As a first step 
towards the understanding of texture formation in poly crystals, 
much effort has been made in the study of texture developmaats 
in single crystals- 

2-4. 3.1. Rolling textures of f.c.c. single crystals 

Texture studies on single crystals have been 
conducted most ext«:isively with the f.c.c. metals Cu and Al. 
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crystals of Ag, or f.c.c, alloys/ such as brass. Most of 
the data available in the literature for single crystals of 
Cu, Al, and Ag , brass and other copper base alloys can be 
summarised stereographically as shown in Figure 21, This has 
been done in accordance with the inibiai orientation of the 
individual crystals. 

Group 1 . 

Barrett and Steadman^ , Lin and Hibbard^ and 
Hibbard and Tully^ have studied the orientational changes 
in copper single crystals on rolling. They found that single 
crystals of copper in the (110) [112] orientation do not 
undergo detectable rotation even after very large reductions 
in thickness (>95%) . Thus (110) [112] seems to be quite a 

stable orientation in Cu single crystals. High 

stability of the initial orientation after deformation was 
also noted in crystals having an orientation near the stable 
(110) [112] and orientation — such as (110) [115 ]*'^^^ and 

(110) [113 J • Moreover/ the small orientations spread 

noted in the deformation texture of single crystals of these 
orientations indicated that the trend of lattice rotation 
was towards the (110) [Tl2] an end orientation. For (110) 
[001] single crystals of Cu, the trend of the orientational 
changes upon rolling was also found to be toward the stable 
end orientation (110) [112], 

Hu/ Cline and Goodman^ compare the textures 
developed (11©) [112] crystals of high purity Cu and Cu- 
4% A1 alloy after rolling unidirectional ly at room temperature 
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to 95% reduction in thickness. NTo essential change in 
orientation was observed in either crystal at this level of 
deformation. The texture of the high purity Cu crystal was 
remarkably sharp, whereas Cu-.4% Al crystal showed a compara- 
tively a larger orientation spread. The maximum intensity 
for the Cu-4% Al crystal was substantially lower than that 
observed in the pure Cu crystals. After 99% reduction, while 
the texture of the Cu-crystal retained a high degree of 
sharpness, that of the Cu-4% Al crystal already assumed a 
double (110) [112] orientation which closely resembles the 

polycrystalline texture of a-brass. 

Group 2 . 

Among the Group 2 crystals, the rolling textures of 

(110) [no] single crystals of Al, Cu and Cu-0.05% P were 

( 92) 

examined by Verbraak . After being rolled to 99%, the 
principal orientations of the rolling textures in each of 
these crystals were found to be essentially the same. As 
shown in Figure 22, the main components of the rolling texture 
in all 3 cases were a pair of complementary (112) [111] 
orientations — the range of orientations spread differing 
considerably amongst the three. The Cu~0.05% P crystal had 
the most extensive orientation spread whereas the Al crystal 
had the least orientation spread with Cu lying in between 
these tw« extremes. Verbraak described the orientation 
spread in the Cu-single crystal approximately ass a rotation 
around the most favourable slip direction, [HO] after the 
(112) [111] type orientation was developed. 
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The results of textures studies made on Cu-single 
crystals of (112) [llO]^^^ and (113) [llO]^^^^ orienta- 

tions after rolling were largely similar to those having 
(110) [110] initial orientations. The rollings texture of 

the (001) [110] oriented single crystals of Cu was found to 

consist of a (110) [OOl ] component in addition to the two 

{ 78) 

complementary (112) [HI] orientations. The textures 

components are related to the initial orientation of the 

crystal by rotation around the [HO] axis in the transverse 

(93) 

direction. Burgers and Louwerse have obtained similar 

results for an Al single crystal rolled in the (001) [110] 
orientation. 

Group 3 . 

Among crystals having orientations represented by 

the Group 3 the most extensive investigations have been made 

( 8R 91 9 ? ) 

on (001) [100] crystals of Cu. ' ' The results obta- 

ined by all these workers were essentially the same. It was 
found that {00l3<100> crystals of Cu, after rolling, developed 
a texture that virtually corresponded to the polycrystal line 
texture of Cu with a strong cube-orientation component. 

The development of rolling texture in a '13501 <001> 

oriented single crystal of a-brass was examined at various 

( 94 ) . ■ 

stages of rolling by Brick . The change in orientatit#n 

during rolling was found to be from Csso) <€KI>1> to (110) [117 ] 

after 85% reduction, then to a pair •f corrplementary (110) 

[113] orientation after 99% reduction. Thus it was clearly 

indicated that rotation toward the (110) [112] end orienta- 
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Group 4 ^ 

The most widely studied crystals belonging to this 
group were the ones having the orientations (111) [112] and 

/ QQ \ 

(112) [111]- The results obtained by Barrett and Steadman ^ 

(go) 

and Verbraak “ on (112) [111] Cu-crystals ai'e in agreement 

that the crystals of this orientation, after being rolled to 
96 and 99°4 reductions, develop the complementary (112) [111] 
orientations. Hibbard and Tully^®^^, however, have not 
reported any complementary orientation in their crystal 
rolled 9S%. Hu, Cline, and Goodman^^^ have x'eported a compa- 
rative study of texture development on rolling in (112) [111] 

oriented crystals of high purity Cu and cu-4“4 Al alloy. They 
observed a marked difference in rolling textures of the pure 
metal and its alloy even at a lovv' deformation level (5C>i4. 
reduction) as shown in Figure 23- while the cu-crystal was 
found to retain its initial orientation and showed a very sharp 
texture, the cu-4°4 Al crystal developed a large orientation 
spread and a strong component of ( 552) [115] orientation which 
is a twin orientation of (112) [llT]- After further reduction 
upto 95°4, a minor component of the (552) [115] twin orienta- 
tion was developed in the cu-crystal, whereas the texture of 
the Cu- 4°4 Al crystal showed further changes from both the 
matrix and the twin orientations to the (111) [112] and 

(110) [001 ] orientations respectively (Figure 24). 

The behaviour of rolled Ag single crystals of the 
(112) [ill] orientation was foiind to be quite different from 
chat of Cu-crystals of the same orientations rolled at room 
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( gn) 

temperature. Vex'braak ^ measured the peak intensities of 
three different reflections/ from planes parallel to the 
rolling plane/ of a Ag crystal with the (112) [ill] orienta- 
tion/ after rolling at various reductions. From his results/ 
he suggested that during defomation crystal rotated around 
the cross-rolling direction from the initial (112) position in 
the rolling plane through the (111) plane, and finally to the 

(110) positions with increasing reduction. In order to 
explain the observed difference in the rolling textures of Cu 
and Ag single crystals of the same orientation, namely (112) 

[111] , Verbraak postulated that in a (112) [ill] Cu-crystal, 
slip is possible on cube planes, that is (001) [llO] slip is 
operative; but in Ag only the (111) [Toi] and (ill) [Oil] 
slip systems are operative, hence the crystal rotates in one 
direction only. 

Hu, Cline and Goodman^ ^ pointed out that Verbraak' s 
interpretation was not consistent with the results they obta- 
ined for the cu- 4°'4 Al crystal, since the (110) [001] orienta- 

tion tion in the Cu-4% Al crystal was derived from the twin 
orientation rather than from the matrix orientation by a 
large angle rotation. They suggested that their results 
were in good agreement with the observations of Ahlborn, 

Grevv'en and Wasseimann^^^^ on a (112) [ill] Ag crystal. The 
results of the later workers indicated that the (112) [111 ] 
Ag-crystal, after 30^4 reduction developed a new component of 
the (552) [115 ] orientation in the texture and that upon 

further deformation this component rotated into (110) [001]- 
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Formation of rolling texture was also studied in 

(111) [ 112 ] oriented crystals of Cu and a-brass- Vacher^^^^ 
found that the texture of a (111) [112] crystal of cu-rolled 
90^4 was (110) [ 112 ]+ (112) [ill] with their complementary 
orientations. Brick and Williamson^ ^ showed that a (111) 

[ 112 ] crystal of a-brass developed the (llO) [001] texture 
after 80% reduction/ and a double (110) [112] end texture 
after 99°4 reduction. 

Single crystals of Cu and Al of a few special initial 
orientations were also studied by various workers to deter- 
mine their textural behaviour. These include the (123) [412] 

oriaited crystals of and and the (358) [523 ] 

oriented crystal of It has been found that all these 

orientations were essoitially retained with a reasonable 
scatter-up to high rolling reductions. The textures of Cu 
and' a-brass single crystals rolled in various irrational 
orientations have also been determined by several 

2 . 4 . 3 . 2. Rolling textures of f.c.c. metals and alloys 

In general/ tw'o types of rolling textures are norm- 
ally recognised in f.c.c. metals and alloys. Quantitative 
texture determination were made by Beck and his co- 
workers^ ^ on CU/ Al and a-brass after 96% cold reduc- 

tion. They found that the rolling textures of cu and Al were 
similar and at the same time differoit from the texture of 
a-brass (Figure 25). The a-brass texture could be adequately 
characterised by the ideal orientations (110) [112] plus a 



minor (110) [001] component. The cu and Al textures could 

noty however, be so readily described and the texture shown 
in Figure 25 for Cu has been called an irrational texture. 

Hu, Sperry and using quantitative pole figures, 

suggested an 'ideal orientation' of approximately (123) [412] 

to designate the type of texture encountered in Cu and Al. 

To account for the intensity maxima on the pole figures, a 
second ideal orientation of near (146) [211] was also used to 

describe the texture of cu. Results from a number of quanti- 
tative texture studied^ 109) that the textures of 

most f.c.c. metals (except Ag) are of the cu-type whereas 
those of the Ag and most f.c.c. alloys are of the brass-bype. 

There are some indirect evidences w'hich indicate that 
the rolling texture of polycry stalline Cu can be better 
described as (110) [112] plus (112) [ill] rather than by the 

single 'ideal orientation' (123) [412]. In an elastically 
anisotropic material, such as Cu, for which accurate single 
crystal moduli are available, measuranents of Young's modulus 
may be used to interprate texture data, with this in mind, 
Weerts^®*^^ calculated the variation of Young's modulus with 
direction, assuming the texture of Cu to consist of equal 
volumes of (110) [112] and (112) [111], and obtained reason- 
ably good agreement with the measured variation. Again, as 
Jones and Fell^"^^*^^ deduced, the theoretical modulus variation 
with direction for the ideal orientation (123) [412] did not 
fit the experimental data. They also preferred to describe 
the rolling texture of Cu as a mixture of (110) [ll2] and 

(112) [111]. 
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Another way of describing the texture of f.c.c. 
metals was suggested by Dillamore and Roberts . ^ ^ This was 
indicated by descrete ideal orientation representing a conti- 
nuous spread and is shown in Figure 26. 

A useful contribution to the study of textures of 
polycrystalline f.c.c. metals has been made independently by 

f 1 1 9 \ 

Lucke^ Perlwitz, and Pitsch “ and by Haessner, Jakubowski 
( 113 ') 

and Wilkens. These workers made orientation determina- 

tion by selected area electron diffraction techniques of the 
crystallites in a polycrystalline Cu-sheet rolled to 9-5°'^ 
reduction. Measurements were actually made on several hun- 
dred spots over a large area of the sample, and the orienta- 
tion distribution was analysed statistically. The distribu- 
tion of poles as deduced from the SAD data was found to be in 
essential agreement wdth the X-ray pole-figures. 

2 . 4 . 3 . 3 . Texture trans iti on in f.c.c. metals and alloys 

The effect of solute additions on the deformation 
textures of a nxamber of f.c.c. metals has been investigated 
extensively by Smallman^^^^ 109)^ Richman^'^^^ 108) 

axvi others. Smallman^ showed that the texture transition 
from cu to a -brass type was caused by the addition of elements 
like Al, Zn, Ge. Liu and Richman confirmed the transition 
for the elements P, As, Sb, Ge and sn in copper. Clark et. 
ai.(114) shown that pure Ni has a texture similar to 

that of cu. However, a gradual transition have been found 
to an- a-brass type of texture where co is added to Ni in 

4 
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solid solution. 

Sraa liman and Lin, and Richman showed that for a given 
solute, a minimum amount is required to initiate texture 
transition, and the degree of transition increases with incr- 
ease in solute concentration. For complete transition a 
characteristic amount of the solute is required, which varies 
from solute to solute. Further addition of solute does not 
change the texture. Smallman^ tried to correlate the 
amount of solute requirement for complete transition with the 
atomic misfit between the solute and the solvoit elements. 

He suggested that for a givai solvent metal, the greater the 
misfit the solute atoms in the solvent lattice, the lower is 
the solute concentration required to complete the texture 
transition. Thus, according to smallman, elastic interaction 
between the solvent and the solute atoms is the most important 
factor in affecting the mode of deformation and hence the 
resulting texture. Lin and Richman ^ ^ on the other 

hand, suggested that the combination of electronic and ion- 
core interaction might be more important than elastic inter- 
actions in initiating a texture transition, A typical example 
of texture transition of Cu to a-brass type, on the addition 
of increasing amounts of Zn to cu, is shown in Figure 27. 

In an attempt to characterise f-c-c. preferred orien- 
tations over the range from the ‘pure metal' of cu-type to 
the 'alloy' or a-brass type of texture, a number of parameters 
have been devised. Parameters suggested by smallman^ was 

based on a ratio of intensities near the centre of the (111) 


Table - 


Effect of Alloying on Texture ( Ref.125) 



Texture 


Itd At.vo Solute to Transform 

yrr to “Alloy” Texture for 
95% Defonnatiou 


Aluminium 

“Purc-metal” 

0*42 

Copper 

“Pure- metal” 

0-72 

Gold 

“ I^ure- metal” 

0-75 

Lead-2 % Calcium 

“Pure- metal” 


Nickel 

“Pure- metal” 

0-49 

Palladium 

“Pure- metal” 

0-55 

Platinum 

Intermediate 

0-94 

Rhodium 

“Pure- metal” 

0-67 

Silver 

“Alloy” 

1-31 

Thorium 

“Pure-metal” 

~0-7 

Ytterbium 

“Alloy” 

1-30 



20% zinc 
8% aluminium 
germanium 
:i-ry% tin 


phosphorus 
3% arsenic 
1 - 0 % antimony 



10%i molybdenum 



0-7 90% cerium 
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pole figure. A second parameter proposed by Liu and Rich- 
man^ was based on the ratio of intensities cxi the peri- 

phery of the (111) pole figure at the transverse direction 
to that 20° from the rolling direction (I^q)* This 
parameter was supposed to be more sensitive than the Smallraan's 
and was used by Dillamore et .al. ^ ^ Textures of various 
f.c.c. pure metals rolled 95% at room temperature are listed 
in Table I with a qualitative as well as a quantitative 
description in terms of the parameter amounts 

of various solute elanents req\aired for complete texture 
transition from 'pure metal' type to 'alloy' type in all these 
metals are also indicated in this table. 

Transition of rolling texture from pure metal to 
alloy type in the f.c.c. metals can also be affected by chan- 
ging the temperature of deformation. Muller^ ^ first 
reported that rolling texture of electrolytic copper^ whai 
deformed at -183° C, resennbles the a-brass texture. 

Frcxn the works done by various workers^ temperature 
dependence of texture transition was found to be very sensi- 
tive to impurity contents/ e.g., no essential change in 
texture was observed in high purity copper (99,999%) by 
rolldng at -196° c. ^ ^ The change in texture in 99.99% 
pure Cu rolled at -196° C was found to be soraevv’hat less pro- 
nounced than that found in electrolytic copper. ^ 

There is evidence to show that raising the tanpera- 
ture of deformation above room temperature can also affect 
texture transition. One such example is the pure metal Ag. 
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Pure Ag has been found to develop a texture similar to that 
of a-brass when rolled at room totiperature/ whereas when 
rolled at elevated tanperatures/ it assumes a texture similar 
to that of pure ^ ^21) 

HU and co-workers^ suggested a general corre- 
lation between the tsnperature dependence of rolling texture 
transition and of the stacking fault frequency or probability / 
a, as determined from the X-ray pick-shift measurements. 
According to them, the brass-type textures are associated with 
high stacking-fault frequencies/ whereas the copper type 
textures are associated with relatively low stacking fault 
frequencies, smallman and Greoh^^^^^ followed the transition 
from the cu-type to the brass' type texture that occurs on 
alloying and related this to a decrease in stacking fault 
energy/ using Cu-Al and cu-Ge alloys. Haessner^ ^ 

anployed a similar correlation for the texture transition that 
takes place when cobalt is added to nickel. 

2. 4. 3.4. Theories of texture development in f.c.c. metals 

r-oTW-^r^iiiiiwiniiiiiiiqiiWOT m 'it * > iiii i iii i i p i>giiw<iii«iwwi*MWiww m 

and alloys 

Barret^®®^ and Underwood*' have adequately 
reviewed the earlier theories of deformation texture due to 
Wever and Schmid/ Boas and Schnid/ Pickns and Mathewson/ 
Taylor/ and Hibbard and Yen. The later theories have been 
reviewed in detail by Dillamore and Roberts/' ' HU/ Cline 
and Goodman' ^ and Haessner. 

The four more recoit theories of texture formation 
of f.c.c. metals and alloys have/ in one way or another/ 



inherited some of the basic principles or method of analysis 
used in earlier theories of defomation textures. In all 
four theories/ more or less obvious use was made of the 

concept of stacking fault energy in the development of texture. 

(127) 

Haessner ' “ proposed that texture transition in 
f.c.c. metals and alloys is caused by non -octahedral slip. 
According to him^ normal octahedral slip will lead to the- 
(110) [ 112 ] or brass type texture, cu-type texture will be 
developed if slip can also occur on the Il00'4 planes in the 
<L10> direction as an additional deformation mode to fill } 
slip. Haessner' s proposition is similar to the megshanism 
suggested earlier by Richards and Pugh^^^^ to explain the 
ideal orientation (112) [ill]. They assumed that a second 
shear in the {100} <110> system following normal octahedral 
slip would change the (110) [112] orientation into (112) [ill]. 
It was further proposed by Haessner that for metals with low 
stacking fault energy/ ci±)ic slip will become more difficult 
as the separation of the particles in the {ill} planes 
become wider* 

A theory based oi dislocation interaction has been 
/ 1 29 ^ 

proposed by Liu to explain the formation of rolling 

textures in f.c.c. metals and alloys. He considered that 
during deformation the slip systems which operate are deter- 
mined by the ability of dislocations on these slip systems 
to interact producing a net reduction of energy. Having 
determined which sets of four slip systems give the greatest 
reduction in aiergy, the end texture is the orientation at 
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which the slip rotations on the operating systems cancel out. 
On this basis, Ldu predicted that for metals of low stacking 
fault energy, the ideal orientations were (110) [112] plus 
an oriaitation spread with (110) in the rolling plane- The 
ideal end orientation for metals of relatively high stacking 
fault energy was shown to be close to ( 358) [523]. 

HU et-al.**^^ pointed out that although these results 
were in essential agreement with the two types of rolling 
textures observed in f.c.c. metals or alloys, the (112) [111] 

orientation of the Cu-type texture was not predicted from 
Liu's analysis. This theory has also been criticised on the 
grounds that there would, in fact, be no net reduction in 
internal energy due to interactions of dislocations on the 
operating systems. The main difficulty with Liu's theoiry is 
that it is highly hypothetical and the present scientific 
knowledge and experimental techniques available are not suff- 
icient to test the validity of the postulates of this theory - 

Dillamore and Roberts proposed their cross-slip 
hypothesis in order to explain the deformation textures in 
f.c.c. metals and alloys. They suggested that all f.c.c. 
metals first develop the (110) [112] or the brass-type texture 
by normal slip. The Cu-type pure metal texture is formed if, 
in addition to {111} slip on the primary and the secondary 
systems, large amounts of cross-slip also takes place on 
other planes. 

A strong objection to the cross-slip hypothesis was 

( 1. 2iS } 

put forv^ard by Haessner. He pointed out^' 


that the internal 
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stress attained in rolling is largely dependent o£ the 
stacking fault energy of the material and is much higher than 
^ 11 ( 0 )/ the stress at which cross-slip starts to occur in 
single crystals at 0“K. He based his arguments on the cross- 
slip models of Schoek/ Seeger and wolf ^ and also on 

that of Hirsch. ^ 

Geometrically/ equal proportions of slip on two Cllll 
planes/ e-g. the primary and the cross-slip plane is equiva- 
lent to cubic slip. Thus the theories of Haessner and Dilla- 
more and Roberts lead to essentially the same model that is 
capable of explaining the textures in f.c.c. metals and 
alloys geometrically. 

The 'twin hypothesis' of Wassermann^'^^^^ is quite 
different from 3 slip theories already mentioned. In this 
theory mechanical twinning is supposed to be responsible for 
the observed textured transition in f.c.c. metals and alloys. 
He assumed that during deformation/ all metals tend to develop 
the Cu-type 'pure metal' texture by means of slip on {ill} 
planes. For the development of brass type texture/ mechanical 
twinning/ as an additional deformation mode is essential. 

He proposed that the rolling texture of f.c.c. metals can be 
considered as being composed two limited fibre textures 
centred on the orientation {110} <112> and {112} <111> . If 
mechanical twinning in the systems fill} <211> is considered 
as a possible deformation mode additional to normal slip/ 
then the material in the {112}<11I> orientation may be 
transformed by twinning to the {55 2 } <115> orientation . Figure 
28)/ which rotates into the CllO} <00 1> o|ijgFi|::,3tion by 



0 ‘>^\ 
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subsequent slip. Wassermann argued that CllO 1 <112> orienta- 
tion does not change during deformation, because twinning of 
this orientation would lead to shape change that do not meet 
the strain requirements of the rolling process. The proposed 
mechanism is in agreement with the observation that metals of 
low stacking fault energy may deform by mechanical twinning 
and it is these metals which exhibit the ’alloy' texture. 

The theory is also consistent with the observations on the 
temperature dependence of twinning in f.c.c. single crystals. 

2-4.4. Recrystallisation textures of f.c.c. metals and alloys 

2. 4. 4.1. Recrystallisation textures of rolled f.c.c. single 
crystals 

Most of the work in this field has been confined to 

Cu single crystals of various orientations. In a rolled cu 

single crystal of the (110) [ill] orientation, Liu and 
(89 ) 

Hibbaird found, after annealing, a recrystallisation tex- 

ture where the individual components were related to the 
deformation orientation by 30° rotations, clockwise and anti- 
clockwise, about common <111> poles. They observed that for 
annealing temperatures of 400° C and below, all the four <111> 
poles of the deformed crystal acted as axis of rotation, 
whereas above 400° C, only three could be found. The (111) 
pole figure obtained by Liu and Hibbard for the (llO) [112 J 
cu crystals cold -rolled and recrystallised at 400° C together 
with a stereographic projection of 30° <111> rotations of 
Cllll poles for crystal in (110) [112 ] orientation are shown 
in Figure 29. 
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rolled a single crystal of Cu having the 
modified ( 358) [352] orientation by 80 to 95% and on annealing 
the recrystallisation texture components were found to be 7° 
off the ideal cube texture (100) [001], together with twins 
of this off“ciibe component. Verbraak^" ^ rolled the same 

orientation crystal by 99% and found a similar annealing tex- 
ture to that of Liu but 15® fran the cube orientation. 

Hibbard and Tully^^^^ studied the recrystallisation 
kinetics of single crystals of copper of various orientations 
which together represent the rolling texture components of 
poly crystal line cu. They found that of the four orientations, 
(358) [523], (110) [112], (112) [ill] and (123) [412], all of 
which had been rolled 95%, (112) fill] recrystallised most 
rapidly and (110) [Il2] was the slowest to recrystallisation 
(Figure 30) . 

In addition to the studies made on Cu-single crystals, 

work on the recrystallisation behaviour of rolled Al-single 

crystals of various orientations has also been reported by a 

( 1 38 ^ 

number of investigators. Liu and Hibbard ' rolled an Al- 
single crystal having the (liO) [112] orientation. This orien- 
tation, though remained reasonably stable during deformation, 
showed some spread after 99.5% reduction. After annealing 
at temperatures ranging from 400® C to 600° C, the recrystall- 
isation componarits were found to be related to the deformation 
orientation by 40° unidirectional rotation about 3 of the 4 
octahedral poles and 30° unidirectional rotation about three 
<110> poles. On annealing at 650° C, only 3 of these components 
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were present^ two of w'hicb where foi-aid to bear the <110> 
rotational relationships. 

2.4.4. 2. Recrystallisation textures of poly crystal line 

f . c. c. metals an a alloys 

Extensive work has been done in order to determine 
the recrystallisation texture of such polycry st allin e f-c.c. 
metals as cu, Al, Ni and their various alloys. As in the case 
of deformation textures/ the most completely documented mater- 
ial is cu and its alloys. The particularly sharp cube texture, 
(100) [001] which is found in deformed pure Cu after recrysta- 
llisation is a phenomenon of both practical and scientific 
interest and this has stimulated a large number of investiga- 
tions into the formation of annealing textures in cu. 

It is now known^®*^^ that in pure poly crystal line Cu 
the recrystallisation texture is almost random after prior 
deformations of upto 50P^. The annealing texture resembles 
the deformation texture after 90i4 deformation. Finally, at 
higher amounts of deformation the texture consists of the 
cube components Cl005 <001> and its twin (122} <212> (Figure 
31). A large body of work has infor- 

med that the cube texture is more perfect and twin density 
lower for fine-grained starting material and a high annealing 
temperature. The cube texture was found to become more 
sharp for deformations between 95 and 99.9%^^"^^^ but at 
higher amcunts of deformation the sharpness decreased. Kamijo 
and Yamamoto^ examined the effect of a secondary 


reduction at either 45° or 90° to the original rolling 
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directiony after a primary reduction to a texture which gives 
rise to the cube texture on recrystallisation- It was found 
out that low secondary reductions caused increasing spread 
about the cube texture and its eventual loss. At high secon- 
dary reductions cube texture w'as again obtained after anne- 
aling. 

The recrystallisation textures in Ni and its alloys 
have also been extaisively investigated. Deteart et.al.^^^^^ 
foxand that in Nl of 99.5% purity which had been rolled to 97.5% 
reduction^ recrystallisation occurs at 550'’ C giving rise to a 
texture similar to that of annealed pure Al but with the cx±>e 
component for more prominent (for Al of 99.99% purity and 
about, the recrystallisation textures are similar to those for 
Cu, with the exception that it is rather more difficult here 
to produce 100% cube texture^ ^ . A texture 

consisting oitirely of the cube orientation was produced when 
the rolled material was annealed at 1050® C for 90 minutes. 

A larcpe nurtiber of investigations have also been made 
on the effect of alloying on textiares in Ni. Annealing 
textures of Ni-Pe alloys# in particular# have been extensively 
studied ^ on alloys containing from 50% to 70% Fe. 

It has been found that deformation textures of Ni is not 
greatly affected by the addition of upto 70% Pe and on recry s- 
talllisation the cube texture is the most important componoit. 

An higher annealing temperature is thought to be boieficial 
in raising the proportion, of ctibe orientation in the final 
annealing texture. Detert et.al.^^®^^ have reported that 
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addition of Co and Mo to Nl affects its deformation texture — 
the transition from the pure Ni to the alloy type texture 
takes place whoi either 10)4 Mo or 50)4 Co is added to Ni. 

The rolling texture transition thoi produces a change in the 
annealing texture as is fovmd in brass. In the same investi- 
gation Deterb et.al.^‘^^^^ observed the addition of 50)4 Fez 
15% cr or 1% Ta had no effect on the deformation, or recsrysta- 
llisation texture of Ni. 

Clark and Mee^^^'^^ have reported on the recrystall- 
isation textures in ccanmercial Ni and some solution — and 
precipitation hardening Ni — alloy in the Nlmonic series. 

The reductions used were# however, rather low and the textures 
were either random or of retained rolling texture type. 

2. 4. 4. 3. Theories of the formation of recrystallisation 

textures 

Since primary recrystallisation involves nucleation 
of a new set of strain-free g-rains and their subsequent growth, 
it is clear that orientation present in the fully recrystall- 
ised material require both the presence of nuclei in these 
orientations and the ability of recrystallisation grains of 
the orientations in question to grow during the annealing 
process, in search for the origin of recrystallisation tex- 
tvures, one of the principal questions to be decided is 
whether the orientations absent frcxn (or only weakly represen- 
ted in) the recrystallisation texture are suppressed because 
of the unavailability of nuclei in these orientations or 
because of the inability of such nuclei to grow to an 
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appreciable volume in cxanpetition with nuclei of other orien- 
tations. These two ideas from the basis of two theories that 
have been put forward to explain the development of primary 
recrystallisation texture. In the 'oriented nucleation' theory 
the nucleation process is supposed to be of primary importance 
in determining the range of available nuclei which can contri- 
bute to the recrystallisation texture. In the 'oriented growth' 
theory^ on the other hand, the recrystallisation texture is 
supposed to be result of growth selection due to the orienta- 
tion dependence of the rate of grain boundary mobility. 

The first attempt at rationalising the orientation 
relationship between recrystallised grains and the deformed 
matrix in; which they grow was made by Bergers ^ who has also 
been the main proponent of the oriented nucleation theory. 
Following the concept that the preferred orientation of the 
recry St alliised grains is determined by the orientation of the 
available nuclei. Burgers trie! to relate the nucleas orien- 
tations in turn to a model of the structure of his compressed 
Al single crystal specimens. He assumed that on annealing the 
deformed crystal, the nuclei of the recrystallised grains 
develop©! from the most heavily deformed fragments which were 
located in the vicinity of active glide planes. Burgers 
considered that these fragments or highly deformed elements 
were rotated with respect to the main body of the crystal 
around <112> axes parallel to the active slip planes and 
normal to the active slip direction in each slip plane. The 
SCTise of rotation was expected to be that corresponding to 
'rollers' between neighbouring glide lamellae of 
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These earlier suggestions by Burgers/ in effect, invokes local 
bolding caused by edge dislocations left behind during slip 
and concentrated along slip planes {Figure 32). 

Barrett^ made orientation determinations on fifty 
recrystallised grains in a compressed A1 single crystal and 
found the orientation to correspond to approximately 45® rota- 
tions around <111> axes with respect to the orientation of the 
deformed crystal. The <111> rotaticxial orientation relation- 
ship in primary recrystallisation of A1 has been also reported 
by other workers. Maddin, Mathewson and Hibbard^ ^55) 
reported that the recrystallised grains formed on annealing 
®-brass single crystal deformed in tension were related to 
the respective matrix crystals by rotations around approxima- 
tely common <111> axes, and that the later were normal to the 
primary, cross or conjugate slip planes (i.e. none of the 
crystals was rotated around the fourth [111] axis, which was 
not normal to an active slip plane) . All these results, as 
also the results of Liu and Hibbard^®^^ on rolled cu-single 
crystal, seemed to contradict Burgers theory of oriented 
nucleation. The theory also does not account for the apparent 
lack of preferred orientation of the recrystallised grains in 
slightly deformed single crystals. ^ Beck and 

argued that Burgers theory should have predicted the same 
kind of rotation for both heavily rolled and lightly deformed 
single crystals, with less scatter in the later case, because 
of the better definition of slip planes and slip directions 
in' crystals lightly deformed in tension. In spite of these 
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contradictions# the success of Burgers theory in some cases of 
b.c.c. single crystals# particularly in predicting the sense 
of rotation corresponding to the re-oriaitation on recrystal- 
liisation# suggests the possibility that this theory may correc- 
tly reflect at least certain elanents of the factual situation 
for highly compressed or rolled single crystal. ^ 

Liu and Hibbard tried to explain the application 

of the oriented nucleation interpretation to the recrystallisa- 
tion textures of rolled poly crystal line cu# brass and Al# 
thus going far beyond the original proposal of Burgers and 
Louwerse ’ which was concerned only with the recrystallisa- 
tion of uniformly compressed single crystals. Beck^^^^^ has 
dDserved that the application of an oriented nucleation mecha- 
nism to poly crystal line metals must encounter certain diffi- 
culties. Such a mechanism depends on a definite orientation 
relatiaiship between nuclei and matrix# and since the nuclei 
orientation, must be related to the ori citation of the micro- 
scopic matrix region immediately surrounding it# the range of 
nucleas orientation is boiand to be at least as large as that 
of the matrix orioitations. Thus# on the basis of oriented 
nucleation theory# a complex deformation texture# such as 
that of rolled polycrystalline cu# should# on annealing# yield 
an extraordinarily large number of nucleas orientations and 
consequently an extremely complicated recrystallisation 
texture. However# it has been found that under suitable cond- 
itions only the very sharp single ccxnpounds cube textxare* 

JlOO} <001> is actually formed on recrystallisation in rolled 
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Cu. To overcome this difficulty Liu and Hibbard^ later 
assumed that the ^modified (358) [352]' component of polycrys- 

talline deformation texture which was suggrested to give rise 
to the cube oriented nuclei, recrystallises faster than 

structural elements in any other orientation present in the 
deformation texture, and, thus, the orientation of its recrys- 
tallised grains dominates the recrystallisation texture - 
Work by Hibbard and Tully^^^^ showed that the assumption of a 
maximum recrystallisation rate for the (358) [352] orientation 
in Cu is incorrect and so the proposed oriented nucleation 
mechanism based on the orientation dependence of recrystalli- 
sation kinetics seens to be very doubtful. 

The ciobe texture found in cu, Ni and other f.c.c. 
metals and alloys has excited much curiosity because of its 
high degree of sharpness. To explain the formation of the 
cube texture in cold -rolled poly crystal line cu after annealing, 
a new oriented nucleation mechanism has been proposed by 
Burgers et .al ^ ^ Burgers, ^ Decker and Marker^ and 

Stadalmaier and Brown. All of them assumed that in 

rolled poly crystal Line f.c.c. metals, like cu, there are 
present small local regions that possess the cube orientation. 
These regions would then serve as the nuclei for recrystall- 
isation on annealing. A nudeas in the cube orientation 
would, for reasons of particular elastic anisotropy, have 
the lowest possible strain energy ^ haice it would be 

favoured over all others in growing at the expense of the 


matrix . 
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A very serious difficulty with the postulated mecha- 
nism is that it implies the formation of the cube recrystalli- 
sation texture/ regardless of the deformation texture, provided 
that at least a small volxJme fraction of the deformed material 
is present in the cube orioitation. Merlini. and Beck,^^^^^ 
however, observed that the cross-rolled cu which has about 
twice as much cube-oriented material present as in straight 
rolled Cu, does not recrystallise in the cube orientation. 
Again, Verbraak^^^^ has reported that a heavily rolled cu 
crystal of the {100} <001> orientation has a deformation tex- 
ture very similar to that of highly rolled poly crystal line cu, 
except for the relatively large volume fraction of material the 
single crystal retains in the cube oriaitation. In spite of 
this, the recrystallisation texture of the rolled crystal 
comprises only a very weak cube texture component. Results 
very similar to this were obtained earlier by Schmid and 
Thomas with rolled poly crystal line ciibe textured Ni-Pe. 

A new and qviite different oriented nucleation raecha- 
nism has been suggested by Burgers and Verbraak^^ ^ to 
explain the formation of the cube texture in cu. This model, 
described as the martensitic nucleation of cube texture, is 
based on a lattice transformation suggested by Rowlands^ 
and earlHer by Richards. ' ^ Rowlands^ ^ described a 
twinning mechanism, which leads from the original single f.c.c. 
lattice to two new f.c.c. lattices having a twin orientation 
relationship with respect to one another. He showed that the 
homogeneous shear is necessary to accomplish this transforms 
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the vector [lOO] of the original lattice to the vector [110] 
in both new lattices and also the vector [OOl ] of the original 
lattice into the vector [1I2]. Accordingly, the (OiO) plane 
of the original lattice becomes (111), parallel to the compo- 
sition plane which the two twin related lattices have in 
ccxnmon. Bxirgers and Verbraak^ suggest that adjacaat twin 
related lattice regions of the two {112} <111> type orienta- 
tions, which are present in highly rolled poly crystal line cu, 
may xindergo jointly an inverse Rowlands transformations to 
convert these orientations to the cube orientation (Figure 33). 

This mechanism does not require the presence of any 
cube oriented regions in the cold-rolled raaterial prior to 
annealing. It may be of interest to note here that previous 
experimrents with rolled single crystals of the (112) [HI] 

( 110 ) [112] orientations revealed that on annealing the former 
recrystallises giving a cube component whereas the later does 
not.*"^^^^ Beck and have objected to this model on 

enerGor considerations. They argue that the decrease in free 
Qiergy due to the postulated \intwinning process would be that 
connected with disappearaice of the (111) coherent twin compo- 
sition boundary which obviously has a very low interfacial 
energy. At the same time the newly formed cube oriented 
lattice region, created as a result of the inverse Rowland 
shear, must be separated from the surrounding material by 
high angle bomdaries which must be having high interface 
energy. Thus, according to Beck and Hu, the total free energy 
would increase as a result of the inverse Rowland shear process. 
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They also question Verbraak* supposition that during 

the inverse Rowland shears a fav of the 48 possible types of 
[[1123 partial dislocations are expected to be eliminated and 
the corresponding decrease in free energy might favour the 
postulated nucleation mechanism. 

The main proponents of the oriented growth theory are 
Barrett^ and Beck.^^^^^ This theory is based on the well- 
dociurrented dependence of gx'owth rate on the orientation rela- 
tionship between the matrix and the growing grain. Lucke and 
his co-workers^ have shown that the recrystallised 
grains which grow at the fastest rate are related to the 
TJnrecrystallised matrix as follows: 

a) Al: 40® rotation about a common <11 1> axis 

b) Fe-3°/6 Si: 27® rotation about a common <110> axis 

c) Zn: 30° rotation about a common <0001> axis. 

These results are in good agreement with those quoted by 
earlier w’orkers for f.c.c./ b.c.c. and h.c.p. structures/ 
respectively . However/ it has been also pointed out that 
these orientation relationships are not necessarily obeyed by 
all materials having a particular crystal structure, cu and 
Ag/ for instance/ show a 30° <111 > axis whereas Al-0.5% Mn 
always have been found to possess a 84° <11 2> relationship. 

All these works clearly indicate that cyrains in particular 
orientations have high growth rates without suggesting any 
reason why this is so. 

Using this informaticai/ Dillamore^ has proposed 
an analysis which enables the recrystallisation texture to be 
predicted from the deformation n-- 
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on a number of conditions which must be satisfied if a poten- 
tial nucleas is to, grow. For example, a nucleas mxist be 
positioned so that it is capable of rapid growth into two 
oriaitations, and must also be capable for long range growth- 
Dillamore's analysis has had considerable success in deriving 
the textures of annealed f-c.c* metals but rather a limited 
success when applied to b.c.c. rrtetals- 

Experiments in which recry stalli-seS grains in random 
orientations are artificially nucleated by a highly localised 
inhomogeneotis type of deformation, and then allowed to grow, 

have thrown much light on the oriented growth mechanism, such 

(67 98 ) 

experiments were carried out by Beck et.al. ' with Al. 

It has shown that the orientation relationship between recrys- 
tallised grains and the matrix, obtained when the recrystall- 
ised grains are nucleated by highly localised deformations, 
such as pin. pricks or cuts or abrasions, is similar to that 
obtained without such ^artificial nucleation.' - In the work by 
Beck et.al. Al single crystals were rolled 8056 and 
artificial nucleation was ensured by abrasing one siarface with 
ornery paper. After short time annealing small recrystallised 
grains were found to form at the roughed surface. Texture 
studies indicated quite a random orioitation of these small 
grains at this stage. After annealing for Icaiger periods of 
time, sows of these grains were seen growing selectively 
across the speciraoi thickness. This, coupled with the obser- 
vation that in Al, the fastest growing grains are those having 
nearly 40° <111> rotational orioitation relationships with 



the matrix,^' ' furnish satisfactory evidence of the effect- 
iveness of the selective growth mechanism in giving rise to a 
sharp recrystallisation texture in single crystals*^ ' 

Several arguments have been put forward by various 
investigators against the vie^* that primary recrystallisation 

textures are controlled by the oriented growth mechanism. A 
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major ~obj action was raised by Burke. He pointed out that 

although the components that actually occur in recrystallisa- 
tion. textures in f.c.c. metals do have approximately 30° or 
40° [111] rotational orientation relationship with the matrix, 

not all such orientations that have cirystallographically equi- 
valent orientational relationships with the matrix actually do 

/ 1 CQ \ 

occur. Beck and Hu ' have reasoned that the absence of 
recrystallisation texture component corresponding to certain 
<11 1> rotations are due to ccanplexity of the deformation 
texture itself. They also suggest that the observed lack of 
crystallographic symraretry in the effective <111> rotation axes 
may be caused by the anisotropy of boundary mobility^ * in 
combination" with what has been termed as 'driving force aniso- 
tropy' connected with the line tension of dislocations.^ ' 
Thus, Beck and hu^^^®^ tried to show that the absence of 
certain <111> rotated orientations from observed recrystall- 
isation textures is qioite compatible with the oriented growth 
mechani sm . 

According to Becker, the observation that 
recry stalliisation textures are affected by annealing history, 
is incompatible with the oriented growth mechanism and must 
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reqxxire oriented nucleation at least as a contributing factor. 
However, Beck^ '^®^^ pointed out that oriented growth mechanism 
does actually require changes in the annealing texture conse- 
quent upon the changes in the temperature-time programme of 
the annealing process. 

Verbraak^^^^ and Lucke^^^^^ have pointed to experi- 
mental evideice indicating that a) identical rolling textures 
can give rise on annealing to q\iite different recry stalHsa- 
tion textures, and b) different rolling textures can produce 
very similar recrystallisation textures. It has been sugges- 
ted by than that both of these observations are incompatible 
with the oriented growth mechanism of the formation of anne- 
aling textures. Beck and have t'aken great pains in 

repudiating this claimi and they argue that most of the 
Verbraak's data can, in fact, be satisfactorily accounted 
for on the oriented growth mechanism. 

Finally, montion must be made about an early objec- 
tion by Burgers and Tiedana^^®^^ that the orientation depen- 
dence of boundary mobility, which forms the basis of the 
oriented growth theory, is not sharp enough to account for 
the well-defined recrystallisation textures obtainei on 
annealing highly rolled poly crystalline metals. Indeed, 

Dunn's results^ on Si-Fe indicate that the dependence of 
growth rate on the orientation relationships between matrix 
and growing grains is rather weak. However, Beck ‘ has 
pointed out that a much sharper orioitation dependence than 
that suggested by the relative boundary mobilities themselves 
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is to be expected. This is due to the fact that the distri- 
bution of the fraction of recrystallised volume over the 
possible nucleas orientations is proportional to the 3rxi or 
4th power of the corresponding relative boundary mobilities. 

It has also been suggested^ ' ’ that grains of boundaries 

with raaximiamr mobility can grow to disproportionately larger 
sizes than other grains, even if the differences in mobility 
are slight, provided that the number of competing new grains 
is largpe enovigh to make the competition, keen. It has been 
argued that ' growth selectively alone can satisfactorily 
explain the formation of a well-defined recrystallisation 
texture in a single orientation matrix. Beck^ ^ postu- 

lated that the growth rates of a recrystallised grain must be 
considered into all components of the deformation texture. 

The extraordinary sharpness of the cube texture in cu has been 
explained on the basis of this hypothesis. The cube orienta- 
tion does not have the exact oriaitation. relationships with 
respect to all the four main rolling texture components which 
give the maximum boxondairy mobility. However, the approximately 
ideal (30® <111> rotational) orientation relationship which 
it has with the main rolling texture components is quite 
symmetrical, and these conditions are not very far from those 
that ensure maximxim boxandary mobility. These ideas have been 
shown pictorial ly in Figures 34 and 35- 

Similar argument has beea put forward by Beck^^®^^ 
to explain for the formation of the (225) [734] recrystallisa- 
tion texture in rolled and annealed polycrystalline 70:30 brass- 
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In this connection, he pointed out that not only the main 
matrix texture components but minor components and orienta- 
tions spread also must be taken into consideration while esti 
mating the relative order in which crystals of various orien- 
tations are preferred for gprowth in the matrix as a whole, 
stuw-e^^®^^ elaborated the conditions put forward by Beck to 
account for the textures observed in annealed Al, in which a 
cube component coexists with a component described as a reta- 
ined rolling texture. He showed that each of the four compo- 
nents of the rolling texture is favoured for growth into the 
other three, while the cube texture is capable of growth into 
all the four cc»nponents. 

For the formation of cube texture in pure metal, the 
presence of cube oriented nuclei in the deformed matrix seams 
to be essential . ^ Once a recrystallised grain comes into 

existence its growth by high angle boundary movement is much 
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faster in pure metal than in the alloys of that metal.. 



CHAPTER - 3 


E?CPERIMENTAL PROCiDURS 


3. 1 Material and Initial Treatment 

The chemical con^xasitlon of all the alloys (in wt. %) 
used in; the present atudy are given in Table 2. All the 
alloys were induction melted and cast under an argon atmos- 
phere using virgin metals of purity > 99.993i. The ingots were 
cylindrical in. shape having a height of about 20 mm. These 
ingots were cold-rolled 5054 to a thickness of 10 mm and then 
homogenisation annealed in. vacuum at 1150° C for 24 hrs. 

These were then again, cold-rolled sO‘/o, and annealed at 1150°C 
for a period of 3 hrs to yield the starting material of 
almost randomn texture and a grain size of »^0.1 mm. 

3,2 cold Rolling 

Strips cut from the thick sheets of all the five 
materials were cold-rolled in 2-high laboratory rolling mill 
where paraffin oil was used as lubricant. The direction of 
the strips were reversed end to end afiter each pass. In 
between any two successive passes^ the strips were dipped into 
cold water bath to minimise any lanwanted rise in temperature. 
The change in thickness after each pass was noted. All the 
materials were rolled to 9594 deformation. The same rolling 
schedule was followed for all the alloys. 





TABLE 2 


Chemical compositions of alloys (wt. %) 


Alloy 

designation 


Weight percQit alloying elsnoat 


Alloy 

A 

0.006 

<0,03 

k 0.03 

0.005 

0.003 

88* 40 

11.15 

Alloy 

B 

0.007 

0.06 

< 0.03 

0.005 

0.003 

76.90 

22.85 

Alloy 

C 

0.006; 

< 0.03 

< 0.03 

0.004 

0.003' 

68.85 

30.90 

Alloy 

D 

0.006 

0.03 

<0.03 

0.003 

0.004 

58.70 

41.05 


Alloy E 


0.006 


0.06 <0.03 0,003 0.004 39.20 60.50 


Spedmens for electron microscopy were made from both cold- 
worked and r eery stal Used samples of all the alloys. 

Foils were made from the conventional rolling plane 
section of the thim sheets, since the 95% cold-rolled 
materials are only 0.25 mm thick, it was found impossible to 
prepare the foils from the cross sections as such. 

For preparation; of oils thim strips were sectioned 
along transverse direction into rectangular foils. These 
foils were thinned down to 0.01 mnr by chemical polishing in 
a solution of HF and hno^, in the ratio of l:Sb. Thai they 
were further thinned down to the extent of 1000 A by electro- 
polishing. The electrolyte used was a mixture of HCIO^ and 
CH^CXXJH im the ratio of 7/: 93 by volume. The electrode and 
voltage used veere stainless steel and 30-3&‘ volts respectively. 
The temperature of the bath was maintained at about 10“ C. 

During electropolisdng the sample was found to be eaten 
away from' the lower aid. The foils were cut from this end 
with the help of a sterile scalpel blade in a manner so that 
the cut edge represented the rolling direction. 

The foils so made were enclosed within folding 
grids and then examined under the microscope. The micro- 
graphs and the corresponding selected area diffraction 
patterns fromi different parts of a nanber of selected foils 
were then studied under the TEM and recorded into 35 mm 
films. The photographs were finally printed, the rolling 
directions marked om each of them, the s.A.D.‘s were analysed 
and finally the ori citations in different areas of the 
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micrographs were deterroined after talcing into consideration 
the relative rotation- between the micrographs and the corres- 
ponding S.A.D.'s. 

3,6 Texture Measurement 

Texture measurements were made on specimens taken 
from-, all the cold worked materials and some recrystallised 
samples. Specimens of the size (25 mm x 15 rom) were cut 
from, the rolled sheets for this purpose. All the texture 
spedraens were lacquered on one face and a half of the thick- 
ness was removed from each of them chord cally in a solution 
of 11% HF and 89% HNO^. Mostly {200} and in a few cases {111} 
pole figures were determined by the Schultz reflection 
method. using Cu-K radiation. The diffracted intensity 
was nreasured with a scintillation co\inter. The intensity 
data in terms of counts were takoi from the display for 
count time of 10 secs. 

Intensity levels on. pole figures were determined by 
comparison with a solid specimen of pure nickel which had been 
randomised by repeated deforraatiom and annealing. 



CHAPTER - 4 


RESULTS AND DISCUSSION 


4. 1 The Cold -worked state 
4*1*1 Rolling Texture 

The {200} pole'-figures of all the five alloys A to E 
are shown in Figures 36 -40. The pole-figures for the alloys 
A, B and c clearly show that the deformation textures in 
these three materials are rather similar. The texture in each 
case may be described as copper-type or pure metal -type con^- 
rising of the two major ocxnponaits/ {112} <111> and {110} <112>. 

The deformation texture of alloy D (Figure 39) shows 
that the major component of texture here is {110} <112> with 
a minor {112}<111> componait, on the other hand, the defor- 
mation texture of alloy B (Figure 40) is found to comprise 
almost wholly of the component CllO} <112> indicating that 
this texture is brass-type or alloy type. 

4.1.2 Electron Microstructures 

Transmission Electron Microscope observations for 
the various structural £eatures of all the cold-worked alloys 
together with the corresponding S.A.D.'s are shown in Figures 
41(a) to 4€F<b). All the microstsructures show typical cold- 
worked state with very hi^ dislocation density at the cell 
walls with relatively dislocation free cell interiors. Scone 
deformation twins are also observed in case of alloy E. 




The dislocation density in the cell interiors of the alloys 
A/ B and c seem to be a bit less with respect to the alloys 
D and E. 

All the samples were thoroughly scanned under the 
electron microscope to find out the presence of cube- 

oriaited regions. However no such regions could be located. 

For alloy A, Figures 41(b) and 42(b) show {112} <110> and 
Clio} <112> orientations respectively. For alloy Figures 
43(b) and 44(b) show {111} <110 > and {112} <11Q> orientations 
respectively. For alloy c. Figures 45(b) and 46(b) show the 
{ 112} < 122> and {lOO } <120> orientation respectively. In. case 
of alloy/ D, { 112} <120> orientation and for alloy E, the 
{llO} <113> orientation, are shown in Figures 47(b) and 48(b) 
respectively . 

4. 2 general Observations on Annealing 
4.2.1 Annealing Textures 

The {200} pole-figures for the alloys A to E in the 
fully recrystallised condition are shown in Figures 49 to 53. 
The pole-figures for the alloys A arKl B (Figures 49 and 50) are 
found to be rather similar. Both seem to contain a sharp 
^ough cube texture together with weak poles for the major 
twin-orientation of the cube< {122} <212>. 

The recrystallisation texture of the alloy C also 
contains the cube-componaat but this is not as sharp as in 
case of the alloys A and B. In contrast to the alloys A and 
however^ here the twin component of the cube has been 


fovind to be a bit stronger. 


The recrystalllsation texture in case of the alloy D 
is found to be somewhat unique in the sense that the general 
level of pole intensities are foxond to be quite weak here. 

The intensity of the cube texture is also very weak. 

Practically no cube component could be observed in 
the recry stallisaticxi texture of the alloy E. The texture 
here can be described as strongly Goss -type {110 } <001 > with 
a minor {112} <111> con^nent. 

4*2.2 Electron. Microscopic Observations 

An extensive transmission electron microscopy was 
carried out to find out structural changes that take place 
during recrystallisation of all the alloys. Recrystallisation 
was carried out at a temperature of 800° C for varioxas lengths 
of time, cort^lete recrystal lisation- was foxind to occur after 
about 8 minutes annealing for all the alloys. 

An idea about the microstructural changes dxiring 
annealing can be had from a number of typical electron, micro- 
graphs with their corresponding SADs shown in Figures 54(a) 
to gP3. 

Figures 54(a) and 55(a) show the initial stage of 
formation! of sxobgrain from, the previous cold -worked cell 
structxore in alloy/ A after 5 minutes of annealing time. The 
dislocation density within the cell interior has oome down 
'•'Ithough the dislocation density at the boxindaries se^ to 
have changed very little. Their corresponding SADs, Figures 
54(b) and 55(b) contain the microscopic orientations CllO } 4ll0> 


and {112 3 <122> respectively. Figure 56(a) shows the forma- 
tion* of a distinct subgrain after 6 minutes of annealing time. 
The corresponding SAD# Figure 56(b)^ shows a major CllO} < 111> 
and other two minor {310}<111> and weak {123} <112> orienta- 
tions. Growth of subgrains with annealing time is shown typi- 
cally in Figure 57(a). Here the grain A has the orioitation 
^llO} <lll> (Figure 57(b)) and grain i B has {1123 <111> oriei- 
tation (Figvire 57(c)). This micrograph may be taken as 
showing the start of formation of recrystallised grains. 

Figure 5S<a) shows a recrystallised grain, surrounded by a 
few small stabgrainn and cells. The SAD* s from regions A and B 
are shown in Figures 58(b) and 58(c). Both the orientations 
have been found out to be near {110} <lll>. It is clear that 
there is hardly any raisorientation between the recrystallised 
grain and its surrounding. 

Figtire 59(a) shows the nucleation of siibgrain and 
start of the recovery process in alloy B after an annealing 
time of 5 minutes. The corresponding SAD (Figure 59(b)) shows 
a brass orientation, with annealing time slightly increased 
to (h minutes, subgrain growth starts taking place. In Figure 
60(a), the central subgrain is found to grow very quickly 
under the impact of the electron beam in the electron, itdcro- 
scope. The whole sequence of sxjbgrain growth is depicted in* 
Figures 61, &2 and SjS. The corresponding SADs of Figure 60(a) 
are shown through Figures 60(b) to 60(f)- Regions 'A*, *B' 
and *c* show {l00 3 <110> orientation Figures 60(b), 60(d) and 
60(e); region: ‘D* shows {llOl <100 > orientation (Figure 60(c)); 



region 'E' shows i310}< 333> orient '•‘■-ion (Pigvire (60f)). 

With annealing time increased to 7 rainutes/ a large nvrriber of 
sxjbgrains were seen to be formed and these seemed to grow by 
subgrain: coalesc^ce as shown in Figure 64(a). Here regions 
•A* and 'D* show {ill} < 1 10 >> orientations (Figure 64(d) and 
64(e))^ and B and c show {112} <120> and {110} <100> orienta- 
tions (Figures 64(b) and 64(c)). 

In case of alloy C, subgrains (Figure 65(a)) were 
found to form after an annealing time of 5 rainutes. The corr>- 
esponding SAD (Figure 6 5(b)) shows {110} <111> orieitation. 

In Figure 66<a), subgrains were <A)served to grow by some kind 
of boundary coalescence. The corresponding SAD (Figure 66(b)) 
shows a cube orioitation. It may be takai. as the start of the 
recry stallisationi process- Figure 67Xa) again, shows subgrain 
growth by coalescente of boundaries. Figures 67(b), 67.(d) 
and 677(f) show cube oriented regions * A' , * c' and whereas 
region 'D' (Figure 67(c)) shows brass and region 'B* shows 
{111} <112 >orientation. With annealing time increased to 
6fminutes, completely recry stallis®i grains have been found to 
form. (Figure 68(a)). Its SAD (Figure 68(b)) shows {100} < 110 > 
orientation). 

In case of alloy D, Figure 69(a) and Figure 70(a) 
show the start of recovery process and formation of a number 
of small sized subgrains. There exists complex dislocation: 
tangd^es throtaghout the structure. Its SAD pattern (Figure 
69(b)) shows gross orientation. The SAD (Figure 70(b)) of 
Figure 70(a) shows a £100} < 100> orientation. One of the 



subgrains in Figure 7l(a) was made to grow under the impact 
of the electron beam within the electron microscope. This 
in-si tu process is portrayed through the Figures 71(a), 73 and 
74. Regions A, B, c and p show cx±ie orientation. (Figures 
71(b) to 71(d) and 7l(gr)) whereas regions D and E 
(Figures 71(e) and 71(f)) show {211}<113> and {110} <110> 
orientations respectively. sAD takgi from centre of Figure 
72(a) shows {110} <113 > orientation (Figure 72(b)). with the 
annealing time increased to 8 minutes complete recrystallisa- 
tion is found to occur. Grains A and d in Figure 75(a) show 
{100} <110> and {110} <100> orientations respectively (Figures 
75(b) and 75 (g)) respectively. 

In case of alloy E, recovery process has been found to 
start within 5 minutes of annealing time (Figxires 76(a) and 
77(a)). The corresponding SADs (Figures 76j(b) and 77(b)) 
contain {112}<111> and £lll} < 110 > orientations respectively, 
with the annealing time increased to 6h minutes, a large number 
of subgrains fornrei and grew, the dislocation density inside 
the subgrains coming down to a lower value. Figures IBia.) to 
78<d) show the microstructures and SADs for different sub- 
grains A, B and c, all of them show negligible orientational 
differences. All of them show nearly {110} <113 > orientation. 
For annealing time of 7 minutes (Figures 79(a) and 80(a)) 
recrystallisation was fc)\ind to be almost half way through. 

Some annealing twins are visible in Figure 79(a), its SAD 
(Figure 79(b)) showing {110}<511> orientation. The cold- 
workel area (region A), in Figure 80(a) shows {112}<113> 



orientation, (Figure 80(b)) which is quite different from that 
of the recrystallised area (region. B), {123} <112 > (Figure 
80(c)). With the annealing tinre slightly increased to 8 minuteS/ 
almost complete recrystallisation, occurred (Figure 81(a))- 
Grains A, B and c were found to have the orientations { 100} 

<110>., Clio} <111> and {310}'<131> respectively as shown in 
Figures 81(b) to 81(d). Figure 82(a) shows a number of 
recrystallised grains. Grains 'A', *B* , ‘ c' and ‘O' have the 
orientations {lOOl <110>., {112}<110>/ {110 } <112 > and 
Clio }< 112 > respectively as shown in Figures 82(b) to 82(e). 
Figure 83 shows one typical recrystallisation grain structure 
with some twins and stacking faults. 

4.2.3 Optical Microscopic Observations and Grain size 
Measurgneits 

To ascertain the grain size of the recrystallised 
sartples, optical microscopy of polished and etched specimens 
were carried out. Grain; sizes were measured by the linear 
analysis method. Grain, growth rate after recirystallisation 
has been fouTKd out by plotting grain diameter (pm) against 
log time (sec.) and this is shown: in Figures 84 to 88. Vari- 
ation of grain size with annealing tinte is also given in a 
tabular form in Table 3. It has been noticed (Figures 84 to 
88b) that the rate of grain- growth decreases with increased 
amoxant of cobalt content. Not only that the average size of 
the recrystallised grains has been fomd to decrease steadily 
with increase in. the oDbalt contait of the alloy (Figxires 89 
to 93). A few typical optical mi crostiructures are shown in 
Figures 89^^ to 93). 





of recirystallised grain size in (|i.m) with annealing time for all the alloys are 
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4.3 Discussion^ of Resiilts 

The above results clearly Indicate that there Is a 
distinct and systematic change of the deformation texture as 
a function of the cxjbalt content of the alloys. Although 
alloys A, B and c show distinct pure raetal type texture, the 
start of the change over from pure metal type of alloy type 
is clearly discernible for alloy D. On. the other hand, alloy 
E shows a clear-cut alloy type or brass -type texture. 

It is known that two different types of deformation 
texture - namely copper type (or pure metal type) and brass 
type (or alloy, type) - can be obtained in fee metals and 
alloys depending on the stacking fault energy. The former 
type of texture is normally found in high stacking fault 
energy materials, whereas the latter type is found in materials 
with low stacking fault energy. 

The stacking fault energy of pure nickel is supposed 
to be rather high. Addition of cobalt to nickel is known to 
decrease the stacking fault energy of the latter very effec- 
tively. Thus the Ni-Co alloys in the present investigation 

have different stacking fault energies from very high (in 
case of alloy A) to rather low (alloy E). This explains the 
two different types of deformation texture that is exhibited 
by this series of alloys as a fumetiom of their cobalt 
contQit, The alloy D (with 40% Co) possibly lies in a trans- 
ition) zone - thus showing a texture in between the two extremes. 

so far as the recrystallisation textures of the 
alloys is concerned, again, a distinct difference in the 



texture has been obtained in these materials as a function of 
cobalt content. Alloys A/ B and c, with a pure metal type 
deformation texture, have, upon recrystallisation, produced 
a texture which is similar to the recrystallisation texture 
of high stacking fault energy materials ijLke pure copper. The 
major component of this texture is the cube, {100} <001>. 
Although no cube oriented region could be detected in the 
foils of the CO Id -worked alloys, a few small cube regions 
could actually be observed in some of the alloys during the 
recovery stage. Presumably the final cube texture has been 
produced in these materials by w'ay of growth of the pre- 
existing cube nuclei in the cold-deformed condition- However 
the intensity of the cube texture has been found to diminish 
in these alloys as a function of increasing oabalt content. 

The intensity of the cube component came down very drastically 
for alloy D (with 40% Co) which showed a very weak cube 
component and a rather weak geieral texture all throughout. 

In fact, the recrystallisation texture in this alloy can be 
described more or less as something near a random texture. 

The alloy E showing a perfect alloy -type deformation 
texture, does not exhibit any cube texture at all, but a 
rather strong Goss component {110} <001> upon recrystallisation. 

During the present investigation it has been observed 
that the average size of the recrystallised grains decreases 
as a function of cobalt content of the alloys. Not only 
that, the rate of grain-growth has also been found to decrease 



as a function of cctoalt content. These observations can be 
rationalised on the basis that the sxjbstitutional cobalt 
atoms produces a retarding effect on the movement of the high' 
angle grain boundaries. 
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Fig. 36 {200} pole figure of alloy A cold -worked 

for 95 7o. 
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Fig. 42(a) Alloys A (cxsld- 
worlced ) 


Fig. 42(b) SAD o£ Fig. 42(a) 



Fig. 44(a) Alloy B (cold- 
worked ) 




Fig. 45(b) SAD of Fig, 45(a) 


Pig, 46<a) Alloy C (c«ld 
worked) 



Fig. 4 gKa) Alloy E (cold 
worked) 


Fig. 48 (b) SAD of Fig. 48 :(a) 


RD 





Fig. 49 {200} polQ figure of alloy A recrystallised 
at 800°C for Ihr. 






RD 



Fig. 51 {200} pole figure of alloy C recrystalliscd 
at 800*^0 for 3hrs. 


RD 



Fig. 52 {200} pole f 
at eoo^^c to 












Fig. 57/(a) Alloy A 
(annealed, 6h i 






58Xa) Allay A 
(annealed^ 1 , minutes) 


57(c) SAD of grain 
in Fig. 57(a) 


Fig. 58 (b') SAD of region ^A' 
of Fig. 58<a) 


Fig. 5&(c) SAD of region. ’B 
of Fig. 58(a) 





Fig. 59(a) Alloy/ B Fig- 59(b) SAD of Fig. 59(a' 

(annealed, 5 minutes) 


Fig- 60(c) SAD of region 'D' 
of Fig- 60(a) 


Fig. 60(d) SAD of region 'B* 
of Fig. 60(a) 



Fig. 60(e) SAD of region^ *C» 
of Fig. 60Ca) 


Fig. 60(f) SAD of region. {E* 
of Fig. 60(a) 




61 Grovirth o£ central 
subgrain: in Fig. 60(a) 


6 2 Growth of central 
sxibgrain in Fig. 60(a) 


Fig. 63 




Fig. 64(a) Alloy- B 

(annealed/ 7 niimJ.-tes) 


Fig, 


64(b) 
o£ Fig 


SAD o£ 
► 64(a) 


region. 


•B' 




Fig, 64(d) SAD o£ region; *A' 
of Fig, 64(a) 



Pig. 65(b) SAD of Fig. 65(a) 


Pig. 66(a) Alloy- C 

(annealed, 6% minutes) 



ilfsi 





E?±g. 71(b) SAD of region *A‘ Fig. 71(c) SAD of region 
of Pig. 71(a) of Fig. 71(a) 



Fig. 71(d) SAD of region ' C Fig. 71(e) SAD of region 'D' 
of Fig- 71(a) of Fig- 71(a) 



Fig. 71(f) 
of Fig, 


SAD of region 
71(a) 


71(a) SAD of region 
of Fig. 71(a) 



• ■ - 
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Fig. 78(b) SAD of region. 'A' Fig. 7a(o) sro of region 'B 
of Pig. 78(a) 



7.9<a) Alloy 
(annealed, 7. 


E 

minutes) 


Pig. 78(d) SAD o£ region • C 
of Fig. 78(a) 



Fig. 80(b) SAD of region. 'A' 
of Pig. 80(a) 


Fig. 80(c) SAD of regiom’B' 
of Fig. 80(a) 



Pig. 81 (c) 
o£ Fig 


sad of grain 

. 81(a) 


'B'' 


Fig. 


81(d) SAD of grain, 
of Pig* 81(a) 


C‘ 




Pig. 82(c) SAD of grain 
of Fig. 82(a) 


Pig. 82(d) SAD of grain 
of Pig. 82(a) 


Pig. 8 2(b) SAD of grain 'A' 
of Pig. 8 2(a) 


Fig- 8 2(a) Alloy E 

(annealed, 8 miniutes) 





280 h 
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Fig- 89 Alloy A 

(annealed, 15 minutes) 
(Mag. 200X) 


Pig. 90 Alloy B 

(annealed/ 15 minutes) 
(Mag. 200X) 



Fig. 91 Alloy C (annealed, 15 minutes) 
(Mag. 200X) 





Fig, 93 Alloy E (annealed, 15 minutes) 
(Mag. 200X) 



CHAPTER - 5 


CONCLUsiONr.q 

(1) Widely differing deformation textures have been found in 
the present series of alloys, while the deformation 
textures in alloys a, arei c have been found to be pvire- 
metal type, that of alloy E is alloy-type. The deform- 
ation texture of alloy D has been found to lie somew-hat 
in-between these two extremes. 

(2) The recrystallisation textures of alloys A, B and c 
are rather similar showing mostly the cube-component. 

The recrystallisation texture of alley B does not show 
any cube but a rather strong Goss component. The recrys- 
tal Usatiom texture of alloy D has been found to be 
rather weak and more or less random. 

(3) Addition of co to Ni is found to decrease the average 
grain size of the recrystallised grains as well as 
their rate of growth. 

(4) The differences in the deformation and recrystallisation 
textures in the present series of alloys has been 
attributed to the difference in stacking fault energies 
of the alloys as a function of cobalt content. 

( 5 ) The eff ect of oo-additioni to Ni on the average recrys- 
tallised grain: size as well as their rate of growth 
has been explained as due to a retardation, effect on 
the effective grain-borumdary migration rate. 
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